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ABSTRACT

The Dawn of New Quantum Dots: Synthesis
and Characterization of Ge1-xSnx Nanocrystals
for Tunable Bandgaps.
by
Richard J Alan Esteves
A dissertation submitted in partial fulfillment of the requirements for the
degree of Doctor of Philosophy at Virginia Commonwealth University.

Advisor: Indika U. Arachchige
Assistant Professor, Department of Chemistry

Ge1-xSnx alloys are among a small class of benign semiconductors with
composition tunable bandgaps in the near-infrared spectrum. As the amount of Sn is
increased the band energy decreases and a transition from indirect to direct band
structure occurs. Hence, they are prime candidates for fabrication of Si-compatible
electronic and photonic devices, field effect transistors, and novel charge storage device
applications. Success has been achieved with the growth of Ge1-xSnx thin film alloys
with Sn compositions up to 34%. However, the synthesis of nanocrystalline alloys has
proven difficult due to larger discrepancies (~14%) in lattice constants. Moreover, little is
known about the chemical factors that govern the growth of Ge1-xSnx nanoalloys and the
xv

effects of quantum confinement on structure and optical properties. A synthesis has
been developed to produce phase pure Ge1-xSnx nanoalloys which provides control over
both size and composition. Three sets of Ge1-xSnx nanocrystals have been studied, 15–
23 nm, 3.4–4.6 nm and 1.5–2.5 nm with Sn compositions from x = 0.000–0.279.
Synthetic parameters were explored to control the nucleation and growth as well as the
factors that have led to the elimination of undesired metallic impurities. The structural
analysis of all nanocrystals suggests the diamond cubic structure typically reported for
Ge1-xSnx thin films and nanocrystalline alloys. As-synthesized Ge1-xSnx nanoalloys
exhibit high thermal stability and moderate resistance against sintering up to 400–500
°C and are devoid of crystalline and amorphous elemental Sn impurities.
The largest set of nanocrystals (15–23 nm) were useful in determining the
compositional dependence on lattice parameters as studied using powder X-ray
diffraction and Raman spectroscopy. Systematic expansion of the cubic Ge lattice with
increasing Sn composition was confirmed suggesting homogenous distribution of Sn
and Ge in the nanocrystals. High resolution scanning transmission electron microscopy
energy dispersive spectroscopy elemental maps, support the structural homogeneity
and lack of Sn segregation. The next size set (3.4-4.6 nm) revealed quantum size
effects and resulted in bandgaps significantly blue shifted from bulk Ge. Tauc analysis
suggests indirect energy gaps from 1.31-0.75 eV and direct energy gaps from 1.47-0.95
eV for x = 0.000-0.116 compositions. The third set (1.5-2.5 nm) were studied to
elucidate photoluminescence (PL) and push the limits of quantum confinement in Ge 1xSnx

nanocrystals. The ultra-small Ge1-xSnx QDs (1.5-2.5 nm), for the first-time, exhibit

energy gaps in the visible spectrum with composition dependent absorption and
xvi

emission properties. Solid-state absorption and emission spectra indicate strong
confinement effects with absorption onsets ranging from 1.55-2.16 eV and (PL) peak
maxima from 1.72-2.05 eV (620-720 nm) for x = 0.018-0.236.7, Ab initio hybrid
functional calculations are in close agreement with the experimental results, confirming
measured nanocrystal sizes and compositions.
Temperature dependent time resolved PL spectroscopy was utilized to study the
carrier dynamics of as-synthesized 1.5-2.5 nm nanocrystals, which suggest slow decay
(3 − 27 μs) of PL at 15 K, likely due to slow recombination of spin-forbidden dark
excitons and carriers trapped at surface states, and at least one order of magnitude
faster recombination with increasing Sn concentration to 23.6 %. Increasing
temperature to 295 K led to three orders of magnitude faster decay (9 − 28 ns) owing to
the thermal activation of bright excitons and carrier de-trapping from surface states. A
possible mechanism for the origin of visible PL has been proposed based on detailed
carrier dynamics studies supported by first principle calculations. The versatile synthesis
of Ge1-xSnx nanocrystals has been achieved with control over size, shape, and
composition. Optical studies demonstrated improved light-matter interactions as a
function of size and composition making Ge1-xSnx nanocrystals promising in visible to
near infrared (IR) optoelectronic applications.

xvii

CHAPTER 1
INTRODUCTION
The technological revolution that has occurred over the past few decades was
made possible by the development of semiconducting transistors. Most prominently, the
history of our current technology can be traced back to the first transistor made by Bell
labs in 1948.1 This germanium based device demonstrated the ability to switch a current
on and off on demand. The entire device was close in size to a baseball while its
modern-day predecessors are smaller than most living cells. Following the first
transistor, development research into semiconductors began to explode. The advent of
the integrated circuit (IC) came the following decade with the important switch from
germanium to silicon coming just a few months after that.2, 3 From there, the size of
transistors decreased exponentially, allowing for more powerful and compact chips. This
trend is beautifully explained through Moore’s Law which states that the number of
transistors on a chip will double roughly every two years.4 Moore’s Law held strong for
almost 40 years, and most of those advances were made on the back of doped silicon
crystals. In recent years, a point was reached where at the small device size, silicon
could no longer maintain its semiconducting behavior.5 Semiconductor device research
is constantly adjusting to avoid disappointing Moore’s law.6 Many new materials and
techniques have been explored and implemented, some with great success.3 However,
as the trend of size reduction continues it has become more evident that new
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considerations are necessary as our production methods have exceeded the physical
and electronic limits of current materials.5
Being able to efficiently produce new nanoscale materials has become essential
to maintaining the exponential growth of technology. Current nanoscale transistors are
most commonly made through lithograph techniques which have many draw backs,
such as; limited material types, harsh chemicals, resolution restrictions on feature size,
and a top-down production methodology that wastes material.7 Switching to a bottom-up
method of chip assembly can help reduce not only the thickness of the semiconductor
junctions but of the entire transistor assembly. This can be accomplished by having a
full toolbox of nanomaterials that can then be constructed in any way desired.
1.1

Semiconductors
Semiconductors are a class of materials that have a small to moderate gap

between their valance band and conduction band, typically between 0.3 – 3.8 eV.8 In a
simplified sense, a materials bandgap is a function of its buildings blocks, molecular
bonding configuration. Every bonded two atom system has electrons distributed through
their highest occupied molecular orbitals (HOMO) and lowest unoccupied molecular
orbitals (LUMO). The energy levels and spins of these electrons are defined by orbital
levels, bonding type and selection rules.2, 3, 9 As the number of bonded atoms increases,
new slightly offset energy levels will be created due to the Pauli exclusion principle.9
The case of a ‘few’ atoms bonded will be discussed further in the section 1.3 under
quantum confinement.8 When the number of bonded atoms increases and a certain
level of periodicity is reached within an interaction range, the energy levels become so
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heavily stacked that each electron pair no longer has a unique quantum number and
instead become part of the continuous energy band. The HOMO electrons become the
valance band and the LUMO levels become the conduction band. A material’s
electronic and optical properties are then classified by the gap between the band levels
(Figure 1.1).2, 3, 9

Conduction
band

E

Conduction
band

Conduction
band

~ 6 eV
0.3 – 3.8
eV

overlap

Valence band

Conductor

Valence band

Semiconductor

Valence band

Insulator

Figure 1.1. Schematic demonstrating the energy gap difference between conductors,
semiconductors and insulators, E = Energy.
In the case of metals, the bands overlap and electrons in the valence band can
flow freely through the conduction band resulting in a zero bandgap. The partially filled
conduction band allows for free flow of electrons giving the material its conductive
properties.3 In a semiconductor, the gap is a defined energetic difference that an
electron must first be excited across in order to reach the conduction band. Generating
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an excitation across the gap can be achieved through an absorbed photon or an applied
current allowing for conduction of a current.3 When this gap becomes significantly large,
the probability of exciting an electron to the conduction band is prohibitively small. A
material is considered an insulator when its gap is sufficiently large that they resist
conduction even with applied thermal energy or current.3 Each material type serves an
important role in electronic devices and encompasses its own fields of research.
In order for an electron to be excited across the bandgap the incident photon
must have an energy higher than the gap. When this condition is met, an electron from
the valance band jumps to the conduction band leaving a positively charged hole
behind.8 When incorporated into a circuit, the electron-hole pair can become charge
carriers allowing for their extraction for current creation. If the electron-hole pair are not
separated they remain in an electrostatically bound state called an exciton. The
properties of an exciton have important implications when developing semiconducting
devices such as solar panels and LEDs.10 Excitons have what is referred to as the Bohr
radius (𝑎𝐵 ), which is the physical distance within the crystal structure that the electron
and hole can be separated. That distance is defined by certain material properties and
can be characterized by equation 1.1 where ε is the dielectric coefficient, e is the
elementary charge 𝑚𝑒∗ is the electron mass and 𝑚ℎ∗ is the hole mass. 10 Typically, the

𝑎𝐵 =

ℎ2 𝜀
𝑒2

1

[ 𝑚∗ +
𝑒

1
∗
𝑚ℎ

]

(1.1)

Bohr radius of different materials ranges from 1-100 nm depending on the ε, 𝑚ℎ∗ and 𝑚𝑒∗ .
This must all be considered when designing any semiconductor device to ensure
optimal efficiency. In addition, there are two types of semiconductors, direct bandgaps
4

and indirect bandgaps, with each type being classified by the requirements for photo
excitation (Figure 1.2).2, 3, 8, 9

Conduction E
band

E

Phonon
s

k

Valence
Band

k

Direct bandgap

Indirect
bandgap

Figure 1.2. Indirect and Direct bandgap structures illustrating the differences in
momentum space of the lowest point in the conduction band from the peak of the
valence band, E= Energy.
Indirect bandgap semiconductors are typically considered to be less desirable
due to the low probability of transitions across the bandgap. The reason for this is based
on the alignment of the lowest point in the conduction band being in a different
momentum space than the higher point of the valence band. 8, 9 In order to excite an
electron across an indirect bandgap, there is a required change in momentum, however
since photons do not carry momentum a phonon interaction is required. Phonons are
lattice vibrations and in comparisons to incident photons occur in relatively small
quantities.8-10 Combined with the fact a photon and a phonon still have to interact, the
5

chances of exciting an electron across an indirect bandgap are fairly low relative to that
of a direct bandgap. The same applies for the relaxation of an excited electron from the
conduction band back down to the valance band.8-10
Exciting an electron across a direct bandgap is far simpler in comparison. In a
direct bandgap, the lowest point of the conduction band is in the same momentum plane
as the highest point in the valance band. Without the need of changing momentum
electrons can easily be excited across the gap by any photon on sufficient energy. As
such, direct bandgap semiconductors readily absorb incident light, and given the
appropriate scenario reemit a photon.8-10 Examples of both types of semiconductors can
be found in Table 1.1.8
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Table 1.1 Semiconductor Properties and Applications8
Compound

Bandgap

Type*

Structure

(eV)

Lattice

Applications

spacing (Å)

InSb

0.17

d

Zinc blend

6.48

InAs

0.36

d

Zinc blend

6.06

InP

1.28

d

Zinc blend

5.87

transistors

GaSb

0.69

d

6.10

Thermal imaging devices

GaAs

1.43

d

Zinc blend

5.65

Integrated circuits, displays

GaP

2.25

i

Zinc blend

5.45

LEDs

ZnTe

2.28

d

Zinc blend

6.10

ZnSe

2.58

d

Zinc blend

5.67

LEDs

ZnS

3.80

d

Wurtzite

3.81

Phosphors

CdTe

1.50

d

Zinc blend

6.48

Photovoltaic cells

CdSe

1.74

d

Wurtzite

4.30

Photovoltaic cells

CdS

2.53

d

Wurtzite

4.14

Photovoltaic cells

PbTe

0.29

d

NaCl

6.46

Infrared sensors

PdSe

0.26

d

NaCl

6.12

Infrared sensors

PdS

0.37

d

NaCl

5.94

Infrared sensors

Ge

0.67

i

Diamond

5.66

Power electronics

Si

1.1

i

Diamond

5.43

Integrated circuits

* d. direct bandgap; i. indirect bandgap
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Regardless of the type of bandgap the application of semiconductors requires
high quality crystals and a strong consideration of surface and interface chemistry. Any
crystal defects or impurities can lead to significant changes in charge transport
behavior.2, 3, 8, 10 However, by carefully controlling the impurities, we can adjust the
charge transport properties and optimize for the desired application. High quality single
crystal silicon is produced using the Czochralski method,1 which can then be cut into
thin wafers and selectively doped as needed. These methods are incredibly well
developed due to our massive reliance on silicon for so many semiconducting
applications. However, silicon is an indirect bandgap semiconductor, meaning its
efficiency in any absorption or emission based applications is less than ideal. For these
other applications, there is a full complement of known direct bandgap semiconductors
available, a few of which are listed in Table 1.1. The integration of these other
semiconductors into current technology is somewhat problematic due to difference in
lattice structures and spacing. Additionally, many of them contain either rare or highly
toxic elements making them difficult to commercialize.11-13 This means there is still a
drive for a highly efficient, non-toxic, direct gap semiconductor that will be capable of
seamless integration into current technology, i.e., silicon compatible.

1.2

Group IV Semiconductor Alloys
To ensure monolithic integration, one strategy is to use a material with similar

crystal structures and chemistry. Both silicon and germanium are highly compatible with
each other but as previously mentioned, have indirect bandgaps. 14 It is possible
however, by expanding the crystal structures, to induce a transition from indirect
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bandgap to direct bandgap.15-18 As the spacing between atoms increases the changes
in orbital overlaps and density of states results in alterations in the bandgap.9 This effect
can be achieved through epitaxy but this requires extra costs and the use of undesirable
substrates. Another approach to expanding the lattice is by exploiting Vegard’s law19
and directly alloying larger atoms into the crystal. While there are plenty of options
available on the periodic table, one atom stands out from the rest for this purpose. Tin is
in the same group, has similar chemistry to both elements, has a known matching cubic
structure, is fairly cheap and abundant, and is environmentally friendly.
1.2.1 Ge1−xSnx and Si1-xSnx alloys
The incorporation of elemental tin into an alloy with germanium or silicon is a
topic that has been studied for around 30 years.20, 21 With the biggest strides only being
made in the past decade. Strong experimental proof has been able to back up
theoretical calculations.22-25 Early work focused on establishing the theoretical
background for the alloying effects and developing a synthesis that is able to produce
high quality films.14, 15, 26-29 Theoretical studies have shown that a direct gap can be
induced in both silicon and germanium with the incorporation of ~11-25% tin,
unfortunately the large discrepancy in atomic size makes the practical production of the
alloys at that high composition difficult. In fact, there has yet to a synthetic method
reported that can successfully produce a homogenous Si1-xSnx alloy, instead tin tends to
segregate into dots within the silicon matrix. In contrast, attempts at producing Ge1-xSnx
homogenous alloys have been fairly successful with control over composition and
systematic changes in optical properties achieved.15, 23, 25, 26, 28-32 Atwater et al, were
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able to implement a low temperature atomic deposition method to grow Ge1-xSnx alloys,
with as much at 34% Sn, epitaxially on a germanium substrate.14, 33 These techniques
have been refined over the years, with different variations of precursors and deposition
methods. The one constant, due to the low temperature synthesis, is the need for an
epitaxial substrate to not only grow the material but also to cap it so that it can be
annealed to produce a high quality crystal.23 The need for a sandwich type structure not
only increases cost of production but more importantly has a detrimental effect on the
desired changes to the band structure.34 While the electronic effects of Sn incorporation
are still a factor, as previously mentioned the expansion of the lattice relative to that of
pure germanium is still highly important.18, 35 The use of epitaxy for growth resulted in
compressively strained films that deviated from Vegard’s law, this led to continual
discrepancies between the experimentally determined point of cross over from indirect
to direct bandgap and the experimental findings. As such, for many years the amount of
tin required to induce the transition was always controversial with reports ranging from
5% all the way up to 21%.23-25, 28, 30, 31, 36, 37
1.2.2

Elucidating the direct gap transition in Ge1-xSnx
One method to determine whether or not a material has transitioned from an

indirect to a direct bandgap is through photoluminescence measurements. Since the
process of excitation and relaxation in a direct gap is far more efficient, a dramatic
increase in quantum yield should be observed after the cross over point. Experimental
studies have shown this effect in tensile strained Ge films38, 39 and is high quality Ge1xSnx

alloy films.23 Numerous studies have explored the transition with respect to,
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doping, strain, excitation density, temperature and composition. In pure germanium
there is still a direct bandgap, it is just difficult to observe experimentally. 38 The direct
bandgap can be measured by ensuring all energy levels below it, from the indirect band,
are filled, this can be achieved by doping or high excitation densities.18 The addition of
tin however, lowers the direct gap to a lower energy than that of the indirect gap making
it the most favored transition. While multiple studies have shown an increase in
photoluminescence when reaching the ‘critical point’ where the amount of tin is enough
to induce the transition most of these were done on compressively strained films. Some
of the standout reports were able etch away the epitaxial buffer layers resulting in
relaxed Ge1-xSnx alloys. These studies were able to show a direct correlation between
strained samples retaining an indirect gap and the formation of a direct bandgap upon
relaxation, these effects can be seen in Figure 1.3.23, 25, 37, 40
While the expansion of the crystal lattice is a driving effect in the transition from
indirect to direct bandgap it is not the only one. When the lattice expansion is achieved
by tin incorporation we must also consider the merging of electronic properties,
especially since tin has a bandgap that is sufficiently small that it almost always acts like
a metal.41, 42 Since, in a homogenous Ge1-xSnx alloy the crystal structure is pure
diamond like cubic, we can expect tin to behave as its semimetal form α-Sn which has a
band gap of 0.009 eV.42 From this point any mention of tin should be considered as αSn or considered as atoms being substitutionally doped into a Ge lattice. Any mention of
tin’s metallic allotrope β-Sn will be clearly noted and for the most part has little bearing
on the topic at hand, aside from ensuring it is not produced.
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A schematic of the different band structures for Ge, compressively strain

Ge1-xSnx and fully relaxed.
It is important to note that the bandgap energy with respect to alloy composition
has a nearly linear relationship, which has been calculated and reported extensively for
thin films.15, 23, 24, 28, 43, 44 Consequently, the bandgaps of Ge1-xSnx films decrease rapidly
from 0.67 eV of pure single crystalline germanium down to values of ~0.30 eV for Ge1xSnx

alloys with more than 20% Sn14, 28. While a material with a tunable bandgap is

desirable, the effective range of this of Ge1-xSnx very limited uses, mostly infrared
detection for which highly effective commercial devices are already available. In order to
produce Ge1-xSnx alloys that have higher bandgaps more suitable for absorption and
emission applications, quantum confinement effect can be exploited.
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1.3

Quantum Confinement
The concept of quantum confinement is very often looked at from the top down

approach. It is defined by the reduction in a materials size smaller than that of the Bohr
radius of the material, where the Bohr radius is the distance an excited election can
travel from its corresponding hole as discussed in section 1.1. When this condition is
met, the particle in a box model becomes relevant for excitons when considering the
size vs energy relationship. In section 1.1, I describe the transformation of HOMOLUMO energy to bandgap as the periodicity of a material increases. The range where
quantum confinement come into play is a midpoint where there is still some periodicity
but, there are still well separated ‘quantum’ energy levels (Figure 1.4).10, 45

Bulk

Nanoparticles

Energy

Conduction
band

Simple
molecule
(HOMO)

Valance
band

(LUMO)

Figure 1.4. Evolution of energy levels from discreet atomic bonding too continuous
energy bands of bulk materials.
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As seen in figure 1.4 the energy separation between the valence band and conduction
band increases as particle size decreases. This is in part due less overlapping orbitals
and also because the holes and electrons are physically confined in a much smaller
area. These changes in energy (ΔE) in the confinement range can be modeled with
equation 1.2.8

∆𝐸 =

ℎ2 𝜋2
2𝑅 2

1

1

[𝑚 ∗ + 𝑚 ∗ ] −
𝑒

ℎ

1.8𝑒 2
𝜖𝑅

(1.2)

This equation uses a few assumptions on charge carrier masses and dielectric constant
values and as such does not make for a valid model to compare calculated values and
experimental. It does however provide a decent estimate of the changes to bandgap
energy with respect to particle size and confinement effects. The ability to tune the gap
energy of a material as a function of size and shape is one of the major driving forcing
behind the development of semiconducting nanoparticles.45 The size at which
confinement effects are observed is highly dependent on material properties and can
range from 2.2 to 50 nm.8 Thus, development of diverse synthesis methods is important
to advancing semiconductor research.
1.4

Synthesis of Nanomaterials
The production of materials on the nanoscale is a challenging task, the high

surface to volume ratio inherent at the nanoscale leads to extremely reactive and
unstable surfaces.8, 10, 45 The two major categories of synthesis techniques are topdown and bottom-up.7 Top-down methods start with a bulk material and destructively
break them apart either through a physical or chemical method. Bottom-up methods
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utilize coalescence of atoms to build up particles from scratch. Each has its own
advantages and disadvantages, top-down tend to be easily scalable but produce nonuniform particles, bottom-up methods are more versatile can produce higher quality
particles but are typically require complicated chemistry and are difficult to scale up.
1.4.1 Top-down Approaches
One of the simplest ways to produce nanoparticles is by physically bashing a
piece of material into smaller and smaller bits.46 Ball milling is one of the most effective
ways to achieve a repetitive physical crushing. A ball mill is simply a cylinder with some
ball bearing inside it (typically all stainless steel unless another material is required), a
powdered material is then loaded into it and the cylinder is rotated. As the ball bearing
crash around there constantly collide with the material, with other ball bearing, and with
the cylinder walls. All of these collisions break down the material into progressively
smaller pieces. The issues with ball milling are many; particle size control is possible but
is fairly limited based on the material, particle shape and dispersity is nearly impossible
to control, and high energy collision can generate heat altering the material being
worked.47 For these reasons it is less than ideal to produce nanoparticles for
semiconducting applications.
Etching methods are far more suitable for producing nanoscale semiconductors.
Chemical etching and ion beam techniques both provide a high level of precision and
control. In fact, ion beam and lithography are highly prevalent in the fabrication of
nanostructured semiconducting devices.7 Focused beam techniques are great for
controlled etching of a surface; the beams typically consist of highly energized atoms
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that blast away the surface of the material, this is expensive and a prohibitively slow
process. Combining election beam with lithography allows for patterning of much larger
areas at once. Lithography is limited by two major factors, one is resolution and the
other is only two-dimensional control.
1.4.2 Bottom-up Techniques
Bottom-up synthesis methods are many and diverse, there are various vapor
phase reactions, solution based, solid state, and solid liquid vapor interface. These
methods have been developed to produce a multitude of high quality semiconducting
nanostructures such as rods, wires, and particles off all shapes and sizes.8 The
techniques all vary drastically but, share a common growth mechanism. While the finer
points of the mechanism all vary on a basic level they all follow the same recipe of a
supersaturation of precursor coalescing to form the end product.
1.4.2.1

48, 49

Laser Techniques

There are a few variations of laser ablation methods, the most common involving
blasting a surface with a high-power laser resulting in a mini explosion. Despite starting
with a bulk form the desired material this method is still considered bottom up. The bulk
target material is simply a source of precursor atoms; the laser strike creates a mini high
energy explosion.48 The explosion creates a cloud of super-heated atoms, as the atoms
travel away from the source they rapidly cool and begin to nucleate into nanoparticles.
The atmosphere in which this takes place can be used to control the chemistry and the
size of the final product. The rate of flow of carrier gas can change how long it takes for
the atoms to cool, providing control of the particle size. The type of carrier gas can be
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selected for desired chemical changes, such as using an iron target with a high oxygen
content atmosphere to produce iron oxides.50
Alternately, laser pyrolysis can also be utilized with vapor phase precursors
allowing for even greater control over chemistry. In this case highly volatile chemicals
are sealed in a transparent vessel, the laser is shot through and the laser decomposes
the precursor.51 Similar to the solid state method a cloud of vaporized atoms form and
begin to coalesce.
Lasing methods are an effective method to produce high volumes of
nanoparticles but is not without faults. The lasing process produces incredibly high
temperatures, while the high temps can ensure highly crystalline product it also limits
available chemistries and growth control. In addition, surface passivation is difficult to
control and typically require a post synthetic step.
1.4.2.2

Vapor Deposition

Akin to laser pyrolysis, vapor deposition methods utilize volatile chemical
precursors in a finely controlled environment. Chemical vapor deposition, molecular
beam epitaxy and atomic layer deposition are incredibly sophisticated techniques that
require highly specialized and expensive equipment.7, 48 The control gained by these
methods often make them worth the expense. These techniques are primarily used for
the production of thin films but through proper selection of substrate can be used to
selectively grow quantum dots or nanowires. The growth of nanowires through vapor
deposition is typically accomplished through the use of a hetero-catalyst particle a solidliquid-vapor reaction.52 In this reaction the vaporized precursor begins to deposit and
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react with the seed particle and form an amalgam melt, as the concentration of the
precursor in the melt increases it eventually reaches supersaturation. The precipitation
then begins between the substrate and seed particle, as growth propagates the seed
particle is lifted as the wire get longer (Figure 1.5). The width of the wire can be
controlled by the seed particle size and the length of the wires by growth time. This
technique can even be applied to producing various types of wires such as heterostructures of alternating and even repeating material types, core shell wires and tree like
branched structures.52
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Figure 1.5. Diagram of nanowire growth through the use of vapor deposition
techniques following the solid-liquid-vapor mechanism.

1.4.2.2

Wet Chemical and Colloidal Synthesis

Producing nanomaterials in a solution phase synthesis provides maximum
control of variables and almost endless possible chemistries. The solvent can be
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selected for solubility of the desired precursor, surfactants can be added to aid in growth
control/surface passivation, temperature and pressure can help control crystallinity, and
reducing agents can be used to decompose precursors and control the nucleation.
Solution based syntheses can be broken down into two main categories,
aqueous and non-aqueous. Water works as an incredibly versatile solvent for
nanoparticle synthesis due to its ability to dissolve an all kinds of metal salts, oxidizing
agents, reducing agents, and surfactants, and to top it all off water is the most abundant
and the environmentally friendly solvent available. In fact, noble metal nanoparticles are
some of the most highly studied and understood for these reasons and an extensive
number of synthesis have been developed for metal nanoparticles in aqueous systems
with control over size, shape and composition.53-55 The limits to reactions in an aqueous
medium are reactivity and temperature which limit its use in synthesis of
semiconducting nanoparticles. The reactivity problem is two-fold; first, while there is no
shortage of water soluble precursors, not all will be sufficiently reactive enough to
initiate a reaction, second, if the target compound is sensitive to oxidation, water is a
poor choice of solvent. The issue of temperature is a matter of ensuring a crystalline
product. Many semiconducting compounds have crystallization temperature higher than
the boiling point of water and with high pressure hydrothermal bombs do not even reach
the appropriate temperatures. Switching to a non-aqueous solvent allows for a wider
breadth of reactive precursors and makes much higher temperatures available.
High boiling point solvents are available with all sorts different chemical
functionalities. Long chain alkanes, alkenes, alkyl-amines, alkyl-thiols, and alkylphosphines not only allow for high reaction temperatures but also act as great growth
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controlling surfactants and passivating ligands.8, 49 Reaction temperatures from 150-350
°C combined with swift injection of chemical reactants produce a high degree of super

Nucleation

Growth

Nucleation Threshold

Injection

Precursor concentration
(arb unit)

saturation to exploit the classical La Mer nucleation model (Figure 1.6).49 Since super

Ostwald Ripening

Saturation

Figure 1.6. Schematic of La Mer style nucleation and growth mechanism during
colloidal synthesis of nanoparticles.49

saturation of a solution is an unstable high energy state, the atomic precursors begin to
coalesce, in order to reduce the concentration of the solution. As the reaction
progresses, the coalescing begins too slow until all the precursor diminishes. Once all
the precursor is consumed growth does not necessarily stop, in this next stage of
growth, called Ostwald ripening,49 smaller crystal with high energy surface sacrifice
themselves. The sacrificial crystals effectively dissolve and then redeposit the atoms
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onto a nearby, typically larger crystal. This process is driven by the lowering surface
energies of the nanocrystals. Ripening can have a number of different effects on particle
morphology. Typically, as a system ripens size dispersity can decrease leading
monodispersity in the size distribution, depending on the crystal lattice ripening can also
produce directional growth. Exploiting this directional growth can lead to production of
rods, cubes, tetrapods, and a slew of other shapes.8 Alternatively, in lieu of Ostwald
ripening, small crystals can undergo sintering to form larger particles. Depending on of
attachment occurs the resultant particles can vary drastically. If a simple coalescence
occurs all of the crystallites can connect randomly resulting in a polycrystalline particle
with a large degree of defects within it. On the other hand, if the lattices of each
individual crystal match up before fusing it is possible for the resultant particle to grow
into a single crystal.49 Oriented attachment can also produce nano-rods and other
morphologies.

1.5

Ge1-xSnx Nanomaterials

As previously mentioned studies on Ge1-xSnx have slowly been gaining traction.
One reason for the slow progress is the lack of any stable bulk phase of Ge1-xSnx, a
quick look at any phase diagram for the alloy will shows a complete lack of elemental
solubility. Thin film production overcomes this through non-equilibrium growth
techniques and epitaxy.
The first Ge1-xSnx nanostructures were produce through a top-down synthesis.
First high-quality thin films were produced ~ 30 nm thick. Then a reactive ion etching
was employed targeted at etching pure Ge. The etching is able to remove the
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germanium capping layers while still slowly etching the Ge1-xSnx layer. The differential
etching rates results in disk like structures Ge1-xSnx supported on thin germanium
pillars. Longer etching times can completely destroy the pillar support producing a
completely released a Ge1-xSnx disk.23 Unfortunately, these disks are only confined to
the nanoscale in one dimension and do not display any quantum confinement, and the
separated disks are just dropped randomly onto the remaining substrate for minimum
usability. This process can been seen in figure 1.7.23

Germanium
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Germanium
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Figure 1.7. Illustration of top-down dry etching method to produce relaxed Ge1-xSnx
structures.23
1.5.1

Epitaxy Free Synthesis of Ge1-xSnx
To date, there have only been only nine reports published on Ge1-xSnx

nanostructures (excluding studies on pure Ge or Sn) produced through a bottom up
synthesis.51, 56-63 Three of them are the focus of this dissertation and are thoroughly
discussed in Chapters 3-5.57, 59, 62 The others are each fairly unique in their approach to
synthesis and exploration of material properties.
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The first synthesis of Ge1-xSnx nanoparticles was reported as just one small part
of a larger study exploring the doping of Ge nanoparticles.61 The authors initially
developed a method to produce pure germanium nanocrystals with size control and well
passivated surfaces. This was one of the first studies that reported confinement induced
size dependent photo-physical properties of Ge nanoparticles.64 In a follow up study the
authors exchanged some of the GeI2 precursor with an alternate metal halide. The
authors reported doping with 7 different elements and had varying levels of success at
incorporation. For the incorporation of Sn only 1% was achieved, any attempts at
adding more Sn resulted in a phase separated product. They were however able to
demonstrate that the photoluminescence of a quantum confined Ge can be shifted with
the addition of Sn into the crystal. 61
The next report took a completely different synthetic approach. The authors
utilized vapor precursors with laser induced pyrolysis and explored the nanoparticles for
Li intercalation for battery application.51 Composition was easily controlled by adjusting
the partial pressures of the Ge (tetramethyl germanium) and Sn (tetramethyl tin)
precursors in the reaction chamber. No mention was made of attempting to control the
outcome of the reaction through variations in the laser power or pulse time. The asproduced particles were well characterized through X-ray diffraction (XRD), X-ray
photoelectron spectroscopy, transmission electron microscopy and energy dispersive
spectroscopy. Alloy nanoparticles were produced with up to 40% Sn incorporated,
based on XRD measurements. However, only particles with up to 5% Sn were produced
in the absence of β-Sn.51 This is likely due to the lack of control over the nucleation
process during the lasing process. While not relevant for the application explored this
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synthesis also has the down side of providing no surface passivation meaning it is not
well suited for the production size controlled semiconducting particles for optical
properties.
Microwave synthesis was utilized to produce Ge1-xSnx nanowires through the
thermal decomposition of hexamethyldisilylamides of Ge and Sn. Two reports
demonstrated a seed catalyzed growth of nanowires in a single pot reaction. The Ge
and Sn precursors were loaded into a microwave tube with oleylamine as the solvent, a
preheat step created Sn at 170 °C seed particles followed by wire growth during
microwave heating up to 270 °C.58, 60 Neither composition nor size control was gained
through this method and the study did not probe any semiconducting properties.
More recently, a study on Ge1-xSnx nanowires produced via chemical vapor
deposition was reported.56 Here, instead of an in-situ generated Sn seed, the wire
growth was catalyzed by AuAg alloy nanoparticles. The AuAg ally seeds allowed for
greater incorporation of Sn without any surface segregation or precipitation of β-Sn in
the system. Photoluminescence studies point to a cross over from indirect to direct
bandgap behavior56 but the wires are too large to produce quantum confinement effects.
Production of size and composition controlled homogenous Ge1-xSnx alloy
nanoparticles was finally achieved through carefully controlled reactions in alky-amine
solvents. This approach developed by researchers at Los Alamos National Laboratory
combined the GeI2-amine disproportionation with thermal deposition of
hexamethyldisilylamido-Sn for unmatched control over particle size ranging from 7 nm
to 12 nm with compositions up to 42% Sn.63 This synthesis was able to overcome
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material instability through temperature and concentration control of the nucleation
stage and strong surface passivation in following the growth stages. These concepts
are discussed further in Chapter 3. Given the narrow size dispersity achieved in this
study and control over alloy composition, the optical properties were probed. Size
dependent confinement induced blue shifting was observed confirmed at a given Sn
concentration and concentration dependent red shifting at a given size. Both absorption
and photoluminescence measurements were employed in this study with energy gaps
reported in the near to far infrared region of the electromagnetic spectrum. 63
1.6

Thesis Statement

There are three primary goals to be explored within this dissertation in order to
increase the energy range of Ge1-xSnx alloys into a more technologically viable region.
First is the development of a wet colloidal synthesis to produce Ge1-xSnx nanocrystals
and perform initial physical and optical characterization to understand structure
properties relationships (Goal 1). Second is to improve synthetic control to produce
ultra-small particles in order to further probe the limits of quantum confinement in Ge1xSnx

nanocrystals and elucidate their luminescent properties (Goal 2). The third goal is

to use ultra-fast spectroscopy to preform in-depth analysis of the exciton fine structure
and carrier dynamics in Ge1-xSnx nanocrystals providing key information to guide the
development of device structures. (Goal 3).
At the onset of this work in 2012, there was zero reports on nanoscale synthesis
of Ge1-xSnx alloys and at the time of its inception all approaches to synthesis were
novel. The choice of pursuing a colloidal route for the synthesis of Ge1-xSnx
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nanocrystals is twofold. First is to exploit control over nucleation and growth kinetic in
order to overcome difficulties in forming a homogenous alloy. Second is to precisely
control the size and shape common in colloidal methods to produce crystals with low
size dispersity and small enough to elucidate size dependent absorption and emission
properties.
The development of high-quality pure Ge nanocrystals produced by Lee et. al.65
and Ruddy et. al.64 provided important ground work for synthesis and understanding the
properties of Ge1-xSnx nanoparticles. For Goal 1, these syntheses provide a decent
starting point however addition of Sn complicates all stages of the synthesis. As such,
manipulating the nucleation and growth kinetics are integral in producing alloy
nanocrystals without any single element impurities. With the lack of any Ge1-xSnx
nanocrystalline research to start from, the initial goal was simply producing nanocrystals
of any size or shape and fulling characterizing them. Starting by synthesizing
nanocrystals larger than 10 nm provides a base for much easier physical
characterization. Below that size, broadening of diffraction features can obscure
structural determination and even hide impurities. Acquiring elemental maps through
electron microscopy, while possible, is much more difficult for smaller particles and
requires more advance instruments. Utilizing a larger set of nanocrystals enables more
rapid development of the synthesis to and understanding factors that lead to control
over nucleation, crystal size, dispersity, and composition. With a better understanding of
synthetic controls a set of quantum confined Ge1-xSnx nanocrystals can then be
produced to probe the opto-electronic properties of the material across different
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composition of Sn. Without confinement, the energy gap decreases very rapidly as a
function of Sn into a range where characterization is limited (Goal 1).
Goal 1 successfully achieved the development of quantum confined Ge1-xSnx
nanocrystals with energy gaps greatly blue shifted from thin film counter parts of similar
compositions. However, to better understand the changes to the nature of the energy
gap emission properties need to be observed and studied. Reducing the size of
nanocrystals is a common strategy for improving luminescent properties. Further
adjustments to the synthesis resulted in the production of ultra-small Ge1-xSnx
nanocrystals. Physical characterization at this size range is difficult but a combination of
X-ray diffraction and HRTEM provides significant proof of structure and compositions.
Strong quantum confinement effects result in an incredibly high energy gap while
maintaining the tunability vs Sn composition as reveled by photoluminescence
measurements (Goal 2)
Simple absorption and emission studies are great for determining size and
composition dependent changes on the energy gap. However, more in-depth methods
are needed to understand the exciton fine structure. Time resolved photoluminescence
measurements provide significant detail into the relaxation path of an excited electron.
Combined with variable temperature spectroscopy it is possible to decipher what type of
energy states the excitations are relaxing through. Understanding the exciton fine
structure and the carrier dynamics are an integral part of being able to design a device
that requires extraction of photoexcited charge carriers from the nanocrystal (Goal 3).
Gaining control of size and composition is vital to fully understanding the
photophysical properties of Ge1-xSnx alloy nanocrystals. The first part of dissertation
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successfully developed a synthetic method with control over size and composition.
(Goal 1). The section utilized the synthetic control in-order to probe the extent of
confinements effects possible and elucidate visible photoluminescence in Ge1-xSnx
nanocrystals (Goal 2). Advances spectroscopy methods were able to provide a
significant understanding the photo-induced charge carriers and fine structure of the
energy gap in-order to help guide future device development (Goal 3).
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CHAPTER 2
CHARACTERIZAION TECHNIQUES
In order to fully understand a material’s properties a full range of
characterization techniques must be employed. A combination of physical, optical and
chemical characterizations were necessary to elucidate the structure-property relations
in nanocrystalline products. When considering nanomaterials understanding the crystal
structure is of great importance, especially for semiconducting purposes. Powder X-ray
diffraction (XRD) is incredibly useful for this purpose and can not only confirm structure
but also identify any crystalline side products or impurities. Size estimates can also be
garnered from the applying the Scherrer equation to XRD data with significant line
broadening. For more accurate size measurements, transmission electron microscopy
(TEM) can provide physical images of individual nanoparticles. High resolution TEM
(HRTEM) can be used to image lattice fringes and confirm crystal structure. While
crystal structures typically indicate well defined stoichiometry, nanoparticles can deviate
and certain alloys still require secondary confirmation of composition. There are two
major techniques to determine the composition of nanoparticles: energy dispersive
spectroscopy (EDS) and inductively coupled plasma optical emission spectrometry
(ICP-OES). EDS is a semi-quantitative technique but is highly favored because it is nondestructive and can be performed in-situ in either a scanning electron microscope or a
TEM. In fact, the true power of EDS is when it is coupled with HRTEM allowing for the
elemental mapping of individual nanoparticles. In contrast, ICP-OES is highly accurate
analytical technique but requires destruction of the analyte and only provides a sample
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average. An important aspect of producing high quality nanomaterials is their surface
chemistry and functionalization. Techniques such as thermogravimetric analysis (TGA),
Raman, and x-ray photoelectron spectroscopy (XPS) all provide different insights into
surface chemistry and functionalization of the surface. The final piece of the puzzle is to
determine optical and electronic properties to match with the physical characterization.
Optical absorption measurements are performed on both colloidally dispersed particles
and solid powders through solution UV-Vis and diffuse reflectance spectroscopy,
respectively. Photoluminescence measurements combined with absorption are used to
determine energy gaps and the extent of quantum confinement. Time resolved,
temperature dependent, and excitation density measurements provide important insight
into the carrier dynamics of excitons in the semiconductor nanocrystals.
2.1

Powder X-ray Diffraction
Powder X-ray diffraction (XRD) is useful tool for understanding the crystal phases

and structures of materials. Crystal structures are defined as a periodic arrangement of
atoms with identical repeating units. A wide script of describers have been developed
for crystal systems including orientation, symmetry, unit cells, atomic arrangements, and
atomic distances.66, 67 While many elements and compounds share similar crystal
arrangements they still differ based on atomic composition and bonding type. These
variations give each crystal is unique ‘fingerprint’ that can be observed as an X-ray
diffraction pattern.
The two most important components to an XRD instrument are an X-ray source
and a detector. The first X-ray diffraction experiment was accomplished by placing a
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crystal between the source and detector, this experiment confirmed for the first time not
only the periodic nature of crystals but also the wave nature of X-rays. Since then many
advances have been made in X-ray crystallography, from the types of X-ray sources to
measurement techniques and detection methods. An X-ray ‘tube’ has been the standard
device for producing X-rays for quite some time now with improvements always being
made. A standard X-ray tube consists of four main components, a tungsten filament, a
metal target (Mo, Cu, Fe, Co, Cr), a beryllium window, and a cooling apparatus (Figure
2.1).66, 67 The tungsten filament is used to produce an electron beam by running an
extremely high accelerating voltage through it (20,000 V- 60,000 V) where the filament
is the cathode and the metal target is anode separated by a vacuum. As the high-
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Figure 2.1. Diagram of a standard vacuum X-ray tube.66
energy electron beam bombards the metal target its atoms become ionized. If the
electrons have enough energy they are able to kick an electron out of the metal’s K
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shell creating a highly unstable hole (Figure 2.2).66, 67 To fill this vacancy an electron
from one of the outer shells, L or M fall to the K shell and in the process, emit energy in
the form of X-rays. The wavelength emitted is constant for a given element and shell to
shell transfer. When an electron falls from the M shell to fill the vacancy, the emitted Xrays are labeled as Kβ, these X-rays are of relatively low every most are reabsorbed
before even making it out of the metal target.66, 67 The important X-rays are Kα,
produced from L to K transitions. Since Kα is a defined energy for every element,
sources can be

Kβ
Kα

Accelerated
electron
K shell
L shell
M shell
Figure 2.2. Electronic shell diagram of electronic transitions for X-ray production.66, 67
selected to best fit the application. The X-rays are emitted in all directions from the
target and in order to control them only a small section of the tube is designed to allow
them to escape. A small widow, made out a material with a low X-ray cross section,
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typically beryllium, is used to create a directional source.66, 67 The last component which
is not pictured in Figure 2.1 is critical to the function of the X-ray tube however has
nothing to do with X-rays itself. Modern X-ray tubes are run at such high voltages that if
the metal target is not constantly cool it will heat up enough to begin to melt, destroying
the tube.
With a well-defined directional X-ray source, it is possible to control the angle of
incidence. Being able to control the angle of X-ray incidence is of key importance in
determining the atomic spacing through diffraction. When X-rays collide with the surface
of a crystal scattering occurs in every direction. Many of the X-rays will make it past the
surface and penetrate the crystal for a significant depth. If we consider exactly two
beams incident to the crystal (Figure 2.3),66, 67 one striking a surface atom (A) and

A

A’
B’

B
θ

θ
θ θ

d

Figure 2.3. Diffraction of X-rays by parallel crystal planes.66, 67
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the other striking an atom in the next to top plane (B), we can start to build the picture of
diffraction. If both beams reflect elastically at an angle equal to incidence it is clear to
see that B will travel further than A. Depending on how much father B travels it can end
up in-phase or out of phase with A. When the distance traveled results in A’ and B’
being in phase, the amplitude of the wave increases.66, 67 When the rays are out of
phase the amplitude decreases, in some cases resulting in complete destructive
interference such as when d is equal to ¼ of the wavelength of the X-rays. Only when
AA’ and BB’ are in phase the scattering of the X-rays is considered a diffracted beam.
Knowing the conditions which lead to coherent diffraction allows us to apply the Bragg
Law (equation 2.1) where n is the order of reflection, λ is the wavelength of the X-ray, d
is the distance between planes and θ is the angle between the incident beam and the
surface to the crystal.66, 67
𝑛𝜆 = 2𝑑 𝑆𝑖𝑛𝜃

(2.1)

The narrow line widths of diffraction peaks are a result of interfering waves
produced across thousands of planes canceling out diffraction from non-Bragg angles.
In nanocrystals, there are not enough lattice planes to create beneficial interference,
resulting in a broadening of the diffraction peaks. The Scherrer equation (2.2) takes
advantage of the line broadening to determine the size of a crystal. The crystal size is t,
λ is the wavelength of the X-ray, B is the FWHM of the peak and θ is the diffraction
angle.

𝑡=

0.9 𝜆
𝐵 cos 𝜃
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(2.2)

Samples in this study were analyzed using a Philips X’Pert Pro, running Cu Kα
monochromatized radiation with a wavelength of λ = 1.5418 Å. All samples were in
powder form and loaded onto a low background Si sample holder with a spinning stage
to improve sample averaging. Instrumental line broadening was measured with a Si
standard and accounted for in any calculations.
2.2

Transmission Electron Microscopy
When talking about semiconducting nanocrystals one of the most substantial

topics is size dependent properties. As such, properly determining the size of
nanocrystals is a fairly significant part of any study. There are multiple ways to
accomplish size determination including light scattering, spectroscopy, diffraction,
however most of these only provide a ‘virtual’ size of the sample. Transmission electron
microscopy (TEM) stands out in its ability to provide an actually ‘physical’ representation
of particle size. In addition to size, the images produced by TEM show the morphology
and structure of nanoparticle, something the previously mentioned techniques cannot
accomplish. High resolution TEM has the power to resolve crystal lattice arrangements
and even individual atoms which can be combined with X-ray spectroscopy to provide
elemental identification.
The electron source in a TEM is basically the same as in an X-ray tube (Figure
2.1). A tungsten filament is heated up with extreme high voltage (80-400 kV) under
vacuum resulting in the emission of electrons. Unlike in an X-ray tube, in which the
electrons are used to produce X-rays, in a TEM the electrons are focused through a
series of magnetic lenses to directly probe a sample.68 In basic imaging, the electron
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beam is spread out across a sample, some of the electrons are blocked by the sample
and a negative is created by the unimpeded electrons. The disadvantages to this
method lay in sample thickness, and attenuation coefficients of elements. To provide
the best possible contrast the sample holder needs to be incredibly thin with a low
electron cross section, in most cases, a think carbon film from 3-30 nm supported by a
copper mesh is sufficient for this purpose. When the electron beam, a host of interaction
are possible and essentially all occur concurrently (Figure 2.4).68 The numerous
interactions are what make a TEM instrument so versatile, with proper control of the
beam through focusing lenses and detection methods a slew of information can be
gathered from a single sample in a single session. First is obviously TEM basic imaging
as already described, in which transmitted electrons strike a detector below the sample.
By changing the focus of the beam post sample interaction, it is possible to detect
scattered and more importantly diffracted electrons for selected area electron diffraction
(SAED) patterns providing information of crystal structure. Since the sample is being
bombarded with high energy electrons, some the atoms will undergo excitations and
emit X-rays in the same manor they are produced in X-ray tubes.68 The X-rays
produced are unique to each element and can be used to a determine composition
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Figure 2.4. Simplified scheme of possible interactions of an electron beam with a target
substrate.
through Energy Dispersive spectroscopy (EDS) with a detector positions above the
sample.68 Some electrons are backscattered or reemitted from the sample these are
typically not used in a TEM but are important for scanning electron microscopy (SEM).
Multiple instruments have been used in this study to acquire basic imaging,
HRTEM, diffraction, and elemental maps. A Zeiss Libra 120 was utilized to acquire low
resolution images at 120 kV as well as SAED. Elemental maps were acquired with a
FEI Titan 8300 microscope equipped with a Gatan 794 multiscan camera operating at
200 kV. HRTEM was conducted on a separate FEI Titan 8300 electron microscope
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operating at 300 kV. All samples were prepared by dropping a dilute solution of
nanocrystals dispersed in CCl4 onto an ultra-thin carbon coated Cu TEM grid after the
removal of the Formvar layer.
2.3

Energy Dispersive Spectroscopy
To determine the average composition of a sample we can employ EDS within a

SEM or TEM, which can monitor a much larger area of sample at once. EDS measures
X-rays emitted from excited atoms, since each element has unique atomic energy levels
it is possible to qualitatively analyze elemental composition.68 The emission of X-rays
from substrates has already been described in sections 2.1 and 2.2 and Figure 2.4. The
electron beams used for imaging in TEM and SEM are simultaneously also exciting the
sample and subsequently inducing X-ray emission. The limitations of EDS are based on
the energy of the incident electrons, range of the detectors, and spectral overlap.
In this study, dried powder samples of nanocrystals were spread onto a
conductive carbon tape attached to an aluminum stub. No other sample prep was
needed before loading the samples into the instrument. EDS measurements were
performed in a Hitachi SU-70 running at 20 kV accelerating voltage and averaged over
five separate areas.
2.4

X-ray Photoelectron Spectroscopy
Nanocrystals are notorious for large surface to volume rations with as much as

40-60% of atoms being on the particle surface. The surface chemistry play a central role
in many nanoparticle properties. One of the most powerful techniques for surface
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analysis is X-ray photoelectron spectroscopy (XPS). XPS is one of the few methods of
identifying atomic composition, oxidation state of the elements, and detail on their
bonding environment. Further, even though it is primarily a surface technique, the
penetration depth is around 5-10 nm. Therefore, in small enough nanocrystals, both the
surface and the bulk of the particle is measured.69
In XPS an X-ray tub (Figure 2.1) is used as a source of X-rays to bombard a
surface, as the X-ray photons collide with atomic electrons they are kicked out as
photoelectrons. The energy required to kick out said electrons is equivalent to the
electrons binding energy allowing for differentiation between elements, individual
orbitals, and chemical environment. A high level of vacuum is necessary for XPS to
ensure accurate measurements. Not only will stray gaseous molecules produce
interfering signal but they can contaminate the substrate surface and more importantly
attenuate the X-rays reducing the overall sensitivity of a measurement.69 The
requirement of ultra-high vacuum has driven the design of XPS instruments. Sample are
loaded through a preparing chamber which pumps samples down in order to make sure
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Figure 2.5. Diagram of X-ray photoelectron spectrometer with a hemispherical
detector.69
any outgassing of the sample does not contaminate the analysis chamber (Figure
2.5).69 The analysis chamber is kept under a constant level of ultra-high vacuum,
however is equipped with certain extra items such as ion beams for etching and Ar flow
for charge control. The X-ray source of choice is typically Al Kα due to its production of
high energy and narrow line width. The high-energy nature of the photoelectrons being
analyzed requires a method to adequately resolve closely spaced peaks and maintain
sensitivity. The hemispherical analyzer is able to switch between the desired effects
though variable voltage which will affect the path length of the electron for detection.69
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The studies conducted herein were performed with a Thermofisher ESCALAB
250 equipped with Al κα source. Dried nanocrystal powders were pressed onto indium
foil and taped to an aluminum sample holder with conductive carbon tape. To minimize
atmospheric contamination and oxidation samples were stored and prepared in a glove
box and loaded into the instrument with an air free sample loader. Charge correction
was done with adventitious carbon and double checked against indium.
2.5

Raman Spectroscopy
Molecular vibrations can provide substantial information on chemical makeup of

a sample. Raman is a unique type of spectroscopy in that it does not measure,
absorption or emission of the probing photons. Instead, Raman measures changes in
energy of scattered photons. The scattering is caused by the photons interaction with a
molecules vibrational induced dipoles. Since molecular vibration are well known for
many compounds, organic and inorganic, Raman can be used to monitor nanoparticle
systems for surface ligands, unwanted amorphous impurities, and even changes in
composition.70
One of the biggest limitations in Raman spectroscopy is the fundamental physics
behind the measurement. Interactions of photons with phonon’s have a very low
probability which is exacerbated by how infrequent phonon are in comparison to
incident photons. To ensure a reasonable signal is collected it is necessary to input
extremely high intensity of photon, for this reason Raman instruments employ laser
sources (Figure 2.6).70 As the photons strike the sample some of them are inelastically
scattered, the scattered light is then channeled through a grating and the change in
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Figure 2.6. Block diagram of Raman spectrometer.
energy with respect to the incident beam, called the Raman shift, is measured. The
power behind this lays in the dependency on vibrational modes. If the molecules being
examined are visualized as two balls connected by a spring it is easy to understand
why. The Raman shift will be proportional to the frequency and amplitude of the
vibrations between the two balls.70 If the mass of one of the balls changes or the
distance between them the frequency will decrease resulting in a smaller Raman shift.
The same effect will be seen if one of the balls confined, possibly by an extra bond from
an outside source. Powdered samples were analyzed with a 532 nm laser in a Horiba
LABram HR Evolution Confocal Raman Spectrometer. Samples were placed on an
aluminum substrate and monitored at full laser strength to probe the structural changes
in the nanocrystals.
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2.6

UV-Visible absorption spectroscopy
Probing the optical transitions of compounds and materials though Uv-Vis is one

of the oldest practices to study chemical physics. A compounds energy levels, HOMOLUMO for molecules and bandgaps for materials, are studied by scanning across the
Uv-Vis region and monitoring light input vs transmitted light. This is accomplished by a
series of mirrors and beam splitters allowing to simultaneous measurements of a
sample against a reference (Figure 2.7). The difference between the two is taken as
the absorption value. Historically, the measurement is performed with the analyte
dissolved in an optically transparent solvent. The absorption can then be related to the
concentration of the analyte (c), the path length through the solution (l), and the molar
absorptivity of the analyte (ε) by the Beer-Lambert Law (equation 2.3).8
𝐴 = 𝜀𝑙𝑐

(2.3)

In semiconductors, the onset of this absorption can be equated to the bandgap of
the materials. The energy below the onset does not have high enough energy to induce
excitation from valance band to the conduction band, beyond that point the absorption
can be related to the density of states. In the case of nanocrystals, this technique can
be utilized to explore the changes in gap energy as a function of crystal size and
quantum confinement.
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Figure 2.7. Schematic of a multi-source double beam Uv-visable spectrometer.
All solution based measurement were performed soon after the isolation of new
prepared nanocrystals. The samples were dissolved in CCl4 and transferred to a quartz
cuvette. Spectra were collected in a Cary 6000i UV-Vis-NIR spectrometer (Agilent
Technologies).
2.7

Diffuse Reflectance Spectroscopy
From a practical standpoint, very few semiconducting applications utilize colloidal

solutions. To have a better understanding of light mater interactions of an aggregated
solid we can employ diffuse reflectance spectroscopy. When light is interacting with a
solid powder scattering in the form of reflectance and diffraction will occur in addition to
absorption. The reflected light is recollected and can be evaluated by the Kubelka-Munk
remission function (equation 2.4).71, 72 The percent reflectance (R) is equated to a form
of a pseudo-absorption coefficient (K/S) with this method, similar to that obtained
through transmission experiments.72

𝑓𝐾𝑀 (𝑅) =

(1−𝑅)2
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2𝑅

=

𝐾
𝑆

(2.4)

The Kubelka-Munk function is only one method of estimating the band gap and
does not account for the type of transition occurring. Tauc formulas have been
developed to account for absorption probabilities based on crystal momentum and
photon-phonon interactions.9 In applying the Tauc equation to reflectance data the k/s
term from the Kubelka-Munk formula is used as the absorption coefficient (α).59, 72 The
proportionality between the absorption in semiconductors (𝛼ℎ𝑣) and the density of
states (ℎ𝑣 − 𝐸_𝑔)1/𝑛 can be seen in equation 2.5. Where (hv) is the energy of an
incident photon, (A) is proportionality coefficient, and (Eg) is the bandgap. The value of
the exponent (n) is dependent on the interband transition being modeled, 1/3 for indirect
forbidden, ½ for allowed indirect, 2 for allowed direct, and 2/3 for forbidden direct.9, 73
(𝛼ℎ𝑣)𝑛 = 𝐴 (ℎ𝑣 − 𝐸𝑔 )

(2.5)

The Tauc equation was never meant for application to nanocrystals since it was
developed for bulk semiconductors with continuous band energies. While it has been
accepted in nanocrystalline literature,59, 65 the results of such analysis should be taken
with careful consideration. In this study energy-gaps were estimated by Tauc and
Kubelka-Munk through linear extrapolation of the absorption onset back to the baseline
the nanocrystals were dispersed in a non-absorbing medium (BaSO4) so that scattering
is minimized. Measurements were performed with a Cary 6000i UV-Vis-NIR
spectrometer (Agilent Technologies) equipped with an internal DRA 2500 integrating
sphere.
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2.8

Photoluminescence Spectroscopy

The process of photoluminescence occurs when a photon is released during the
relaxation of an electron from an excited state back to its ground state. The initial
excitation can be cause through photon absorption, thermal excitement, chemical
reaction, or by an applied electrical current. In the case of semiconducting nanocrystals
photo and electrical excitement are of the greatest interest due to their applicability for
devices such as solar cells, LEDs, and detectors.10, 74 This section will however focus on
the emission process and mostly ignore the method of excitation other than its
relevance to the instrumentation used for measurements. Typically, there are many
electronic states involved in the excitation and emission process due to vibrational and
rotational energy levels. When excitation occurs from a singlet ground state (S 0) an
electron is bumped into an excited singlet state (S1), the relaxation of the electron from
S1 back to S0 through the release of a photon is called fluorescence (Figure 2.8). The
energy of the released photon will correspond directly to the energy-gap between the
two states and occurs fairly rapidly typically on the order nano-micro second time
scales. However, there photoemission is not the only pathway an excited electron can
relax through. If the excitation energy exceeds that of the energy-gap the excited
electron must first relax from the higher energy levels through a non-radiative
process.74, 75 One form of non-radiative relaxation is through the release of heat energy
in the form of molecular vibration. In addition to relaxing from elevation singlet states,
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Figure 2.8. Simple diagram of photoluminescence mechanism, including absorption,
fluorescence and phosphorescence.
non-radiative processes can result in intersystem crossing to an excited triplet state (T1).
Triplet states are typically caused by impurities or defects and have a lower energy than
the S1 state. The process of intersystem crossing and subsequent phosphorescence
results in much longer lifetimes for the excited states, upwards of 3-5 orders of
magnitude greater than that of fluorescence.
Photoluminescence (PL) measurements of quantum confined nanocrystals are
used to probe size and composition dependent optical properties, carrier dynamics and
fine structure of energy gaps.57, 76 A complete understanding of energy levels and
excitonic behavior is advantageous in the design of semiconducting devices. Basic
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steady state measurements only provide glimpse into the photoluminescence
properties. Ultra-fast spectroscopy can be employed for time resolved measurements.
When combined with temperature and excitation density studies it is possible to develop
a comprehensive understanding of a nanocrystals light-mater interactions. In this study,
nanocrystals were deposited on a Si wafer, excited with a Ti:sapphire laser at 385 nm
wavelength and PL spectra were acquired with a liquid N2 cooled charge coupled
device (CCD) camera. Temperature was controlled with liquid helium cooled cold finger
and time resolved measurement were collected with a Hamamatsu streak camera with
25 ps temporal resolution.
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CHAPTER 3
Nanocrystalline Group IV Alloy Semiconductors:
Synthesis and Characterization of Ge1-xSnx Quantum Dots for
Tunable Bandgaps.
3.1

INTRODUCTION
The bandgaps of semiconductor materials can be manipulated through alloying and

size reduction to tune the nature and energy of optical transitions.9, 77, 78 When considering
the nature of the energy gaps, semiconductors are classified as indirect or direct while
the latter is preferred due to high efficiency in absorption and emission. 79 Currently, many
of the leading direct-gap semiconductors are comprised of Group II/VI,80, 81 III/V, or IV/VI82
elements, such as CdSe,78,

83

InAs80,

81

and PbSe.82 Nanostructured solids of such

materials are well studied and at the forefront of developing technologies. However, the
use of toxic heavy metals has become a major concern and efforts to find substitute
benign materials have become a major focus in recent years.11-13
Group IV semiconductors such as Si and Ge are well known indirect-gap materials
with low toxicity, and through band engineering an indirect to direct gap transition can be
achieved.14-17, 23-25, 29, 36 For instance, applying tensile strain to the crystal lattice has been
shown to reduce the band energy, just as the compressive strain leads to an increase in
energy.9, 84, 85 The direct gap Γ valley shrinks faster than the indirect gap L valley as the
tensile strain is increased, resulting in a truly direct-gap semiconductor.23,

24, 29

One

method to engineer tensile strain is through epitaxial growth on a substrate having larger
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lattice constant and another approach is via direct incorporation of Sn atoms to produce
a homogenous Group IV alloy.24, 25, 86 In addition to the effects of strain on the nature of
the energy gaps, significant dependence of band energies as a function of Sn composition
has been reported.15, 28, 32 As such, the binary alloys of Group IV semiconductors, Si1-xSnx
and Ge1-xSnx, have shown promise to create an optimal direct-gap materials with low
toxicity, high optical stability, and compatibility with existing Si based technologies. 14, 23,
24, 30

Thin films of Ge1-xSnx alloys produced via chemical vapor deposition and molecular
beam epitaxy are well studied and exhibit tunable band energies in the mid IR region. 14,
23, 24, 27, 28, 37

Unfortunately, the synthesis of homogenous alloys has proven difficult due

to large discrepancies in lattice constants.15, 37 However, many issues in the fabrication of
homogenous alloys were resolved through low temperature, non-equilibrium growth
processes.14,

15, 28, 87

In Ge1-xSnx thin films, an indirect-to-direct crossover has been

theoretically examined with values ranging from 10-15%14, 15, 28 in early studies. More
recently, the accepted crossover values are considered to be in between 6.3% to 11% 2326, 30, 31

with strong experimental evidences confirming the transition occurs for Sn

concentrations over 7.1%.23-25 However, the incorporation of Sn (bandgap = 0.09 eV)42
makes the direct energy gaps of such alloys narrower and closer to metallic behavior,
limiting their potential in a number of optical applications.
The synthesis of colloidal Ge1-xSnx nanocrystals (NCs) has the potential to increase
fundamental energy gaps owing to the effects of quantum confinement. 77 Taking
advantage of the low temperature synthesis, high surface energies, and the passivating
ligands present in many NC systems, it is possible to overcome the Sn segregation
50

without sacrificing the desired tensile strain. High quality, solution processable Ge1-xSnx
NCs have huge potential in a wide range of applications, such as field-effect transistors,5,
88, 89

lithium ion batteries,51 bio-imaging,12 lasers,17 and optical detectors.90, 91 Reduction

of crystallite size below the Bohr radius (11.5 nm for Ge)92 has been reported to blue shift
the absorption onset as high as 1.6 eV for single element Ge NCs with a diameter of 2.3
± 0.4 nm.64 Such a wide range of bandgap tunability is highly advantageous for
applications such as solar absorption, optical detectors and biosensors. Additionally, Ge 1xSnx

alloys are compatible with current Si technologies allowing for easy monolithic

integration. However, to date, only two production methods for Ge 1-xSnx NCs have been
reported. Ruddy et al. utilized a wet chemical method to achieve Ge 1-xSnx NCs with 1%
Sn incorporation.61 Cho et al. exploited the photolysis of gas phase precursors to produce
Ge1-xSnx NCs with x = 1-5%, without the presence of β-Sn.51 While both successfully
incorporated Sn into nanocrystalline Ge, neither reported comprehensive studies to
evaluate physical properties versus composition, nor achieved Sn concentrations
required for indirect to direct transition observed in corresponding thin film
nanostructures.23, 24, 51, 61
Herein, we report a wet-colloidal strategy to produce high quality Ge1-xSnx NCs with
sizes in the range of 15–23 nm and 3.4–4.6 nm and wider tunability of Sn compositions
(x=0.000–0.279). We show by controlling the precursor concentration and reduction
temperature, a method has been developed to produce homogenous Ge 1-xSnx nanoalloys
devoid of elemental Sn impurities. The larger Ge 1-xSnx NCs (15–23 nm) exhibit a nonlinear expansion of the Ge lattice owing to lattice mismatch and possible strain effects,
but exhibit weak confinement effects. In contrast, smaller Ge 1-xSnx NCs (3.4–4.6 nm)
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display strong size confinement with composition tunable indirect energy gaps from 1.31
to 0.75 eV and direct energy gaps from 1.47 to 0.95 eV (x=0.00–0.116). Interestingly, assynthesized Ge1-xSnx nanoalloys demonstrate high thermal stability and moderate
resistance against sintering up to 400–500C.
3.2

EXPERIMENTAL SECTION

3.2.1 Materials.
Germanium diiodide (99.99+ %) and tin dichloride (>99.9985 % Ultra Dry) were
purchased from Strem and Alfa Aesar, respectively. Germanium tetraiodide (>95%) was
purchased from Gelest. N-butyllithium (BuLi) 1.6 M in hexane, 1-octadecene (ODE,
90%), and oleylamine (OLA, 80-90%) were purchased from Acros. Common solvents
such as toluene, chloroform, acetone, carbon tetrachloride, and methanol were ACS
grade and purchased from Fisher or Acros. A Schlenk line was utilized to dry OLA and
ODE by heating at 120 °C under vacuum for one hour, dried solvents were then stored
under N2 atmosphere. Methanol and acetone were dried over molecular sieves prior to
use. All other solvents were used as received. (Caution: Alkyl-lithium compounds such
as n-butyllithium are highly reactive pyrophoric chemical. Only properly trained
personnel should handle these chemicals under strict air free protocol.)
3.2.2 Synthesis of Ge NCs.
The single element Ge NCs were prepared by employing a modified literature
procedure.64 Briefly, in 4 mL of OLA, different ratios of GeI2/GeI4 were loaded according
to the desired NC size: 0.6 mmol of GeI4 was used to produce 3.4 ± 0.40 nm NCs and
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0.03 mmol of GeI2/0.57mmol of GeI4 for 23 nm NCs.64 Reactants were mixed in a N2 glove
box and sealed in a 3-neck flask with a condenser, septum, and thermocouple attached
before transferring to a Schenk line and connecting to a digitally controlled heating
mantle. The mixture was then degased under vacuum at 115 °C for 15 min., followed by
switching to N2 flow and outgassing through an oil bubbler for additional 15 min., prior to
increasing the temperature to 200 °C. Immediately upon reaching 200 °C, a stock solution
of 0.9 mL BuLi in 3 mL of ODE, sealed in an air tight vial was injected. The reaction
mixture was then heated to 300 °C and held there for 1 h prior to isolation of the NCs.
3.2.3 Synthesis of Ge1-xSnx Alloy NCs.
In a typical synthesis of Ge1-xSnx nanoalloys, appropriate amounts of GeI2 and
SnCl2 (Table 3.1) were combined in a 3-neck flask with either 20 mL (for 4.1–4.6 nm NCs)
or 10 mL (for 15–17 nm NCs) of OLA. The set up was transferred out of the glove box,
connected to a Schlenk line, and heated under vacuum to 120 °C to produce a
homogeneous orange color solution. Then, the reaction was flushed with nitrogen for 15
min. and the temperature was ramped up to 230 °C, at which point 0.80 mL of BuLi in 3.0
mL of ODE (sealed in an air tight vial) was swiftly injected. The injection caused a
temperature drop to ~210 °C and the mixture was reheated to 300 °C. Finally, the reaction
was held at 300 °C for 0 and 10 min for the growth of 4.1–4.6 nm and 15–17 nm Ge1-xSnx
NCs, respectively.
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Table 3.1. The molar ratio of GeI2 and SnCl2 and corresponding concentrations of Sn
used in the synthesis of 15–17 nm (10 mL of OLA) and 4.1–4.6 nm (20 mL of OLA) Ge1xSnx

alloy nanocrystals.
Nominal
Composition

GeI2 (mmol) SnCl2 (mmol)

10 mL OLA

20 mL OLA

(μM Sn)

(μM Sn)

Ge0.98Sn0.02

0.59

0.12

1.2

0.6

Ge0.95Sn0.05

0.57

0.03

3.0

1.5

Ge0.90Sn0.10

0.54

0.06

6.0

3.0

Ge0.85Sn0.15

0.51

0.09

9.0

4.5

Ge0.80Sn0.20

0.48

0.12

12.0

6.0

Ge0.75Sn0.25

0.45

0.15

15.0

7.5

3.2.4 Isolation and Purification.
Following the synthesis, the reaction flask was cooled by blowing compressed air
until the temperature dropped below 120 °C, typically around 100-80 °C. The crude
reaction mixture was transferred to a centrifuge tube containing 10 mL of toluene. Then,
60 mL of freshly distilled methanol was added and the mixture was centrifuged for 5 min
to obtain a solid brown colored pellet. The supernatant was discarded and the precipitate
was purified by dispersing in toluene and subsequent precipitation with a mixture of
methanol/acetone (1:1 v:v) twice.
3.2.5 Characterization.
A PANanalytical X’Pert PRO X-Ray diffractometer calibrated with Si standard and
equipped with a Cu Kα anode (κα= 1.54 Å) radiation was used for the powder X-ray
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diffraction (PXRD) measurements. Purified NCs were deposited on to a low background
sample holder and diffraction patterns were collected at 45 kV and 40 mA operating
conditions. Crystallite size was estimated from the diffraction patterns using the Scherrer
calculation93 on the (111), (220), and (311) reflections, after making appropriate
corrections for instrumental broadening using Si standard. Diffuse reflectance (DRA) and
UV-visible-NIR absorption measurements were recorded using a Cary 6000i
spectrophotometer (Agilent Technologies) in the double beam mode for solution
measurements and using an internal DRA 2500 attachment for solid sample
measurements mixed in a BaSO4 matrix. Diffuse reflectance fast Fourier transform infrared spectroscopy (DRFTIR) was performed using a Nicolet Nexus 670 FT-IR with an
AVATAR diffuse reflectance accessory, on NC samples mixed with KBr powder. Raman
spectra were taken with a Thermo Scientific DXR Smart Raman equipped with a 532 nm
laser. X-ray photoelectron spectroscopy was performed using a Thermofisher ESCALAB
250 equipped with Al κα source; powdered samples were pressed on indium foil
purchased from Sigma Aldrich. Elemental compositions were obtained by inductively
coupled plasma optical emission spectroscopy (ICP-OES) and energy dispersive
spectroscopy (EDS). EDS was obtained in a Hitachi FE-SEM Su-70 scanning electron
microscope (SEM) operating at 20 KeV with an in-situ EDAX detector. Dried NCs were
adhered to an aluminum stub with double sided carbon tape prior to the analysis. The Sn
compositions were determined by averaging the atomic percentages of Sn acquired from
5 individual spots per sample. ICP-OES was performed with a Varian VISTA-MPX
monitoring 5 wavelengths for both elements. For ICP-OES analysis, Ge1-xSnx NCs were
dissolved by heating in a mixture of concentrated tartaric acid/nitric acid (2:1). Typically,
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~1 mg of Ge1-xSnx NCs was loaded into a glass vial followed by 2.00 mL of concentrated
tartaric acid and 1.00 mL of concentrated nitric acid. The mixture was heated for 2-5 hours
until all the powder was dissolved. The calibration standards were purchased from
Inorganic Ventures. Transmission electron micrographs (TEM) were recorded using a
Zeiss Libra 120 microscope operating at an accelerating voltage of 120 kV. High
resolution TEM (HRTEM) and scanning-TEM (STEM) analyses were performed on a FEI
Titan 8300 electron microscope equipped with a Gatan 794 multi-scan camera operating
at 300 kV. TEM samples were prepared by drop casting ~5 μL of NCs, dispersed in CCl4,
onto a carbon coated copper grids and evaporating the solvent. Thermogravimetric
analyses (TGA) were performed on dry powders under nitrogen flow with a ramp rate of
10 °C/minute using a TA TGA (Q5000) instrument.
3.3

RESULTS AND DISSCUSION

3.3.1 Size Control and the Elimination of Metallic Sn Impurities.
The production of single element Ge NCs has been extensively studied over the
years.61, 64, 65, 92, 94-98 However, only two studies on the synthesis of Ge 1-xSnx alloy NCs
have been reported to date, neither of which provide an in-depth analysis on the nature
of the binary nucleation.51, 61 As such, following the work done by Ruddy et al. 61, 64 a
colloidal synthetic strategy was developed to produce single element Ge and Ge 1-xSnx
alloy NCs. To eliminate the formation of undesirable β-Sn byproduct, control over
nucleation and growth was achieved by reducing the probability of homogeneous Sn
nucleation through increased solvent volume and rapid reduction of the metal precursors.
As a solution of GeI2 in oleylamine (OLA) was heated above 200 °C, it progressively
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darkened from a light yellow to orange and then to deep red. The reddening of the solution
is consistent with the formation of germanium amide-iodide complex.64 Upon injection of
the reducing agent, n-butyllithium (BuLi), at 230 °C the solution immediately turned
brownish-red indicating the formation of Geo seed nuclei. As the temperature was
increased to 300 °C, the solution lost its red tint and progressed to light or dark brown.
The one hour that the solution was held at 300 °C was found necessary to provide
sufficient crystallization for pure Ge NCs of all sizes. When introducing SnCl 2 into the
system, dramatic changes in the nucleation and growth kinetics have occurred due to a)
the large lattice mismatch between cubic Sn and Ge, 15 b) competition between homoheterogeneous nucleation, c) the thermal stability of β-Sn versus that of α-Sn41 and d)
lower crystallization temperature of Sn. It is assumed that the lattice mismatch between
α-Sn and Ge is resolved in NCs due to the high fraction of surface atoms being able to
expand or contract in order to tolerate the strain and the presence of capping ligands that
can effectively stabilize the NC surface.
Recently, Ge0.60Sn0.40 NCs were produced by laser photolysis,51 however significant
amounts of β-Sn were present in the as-prepared samples. The highest concentration of
Sn incorporated by photolysis without any β-Sn was x = 0.05.51 We attribute this to the
lack of control over the nucleation environment in the localized heating zone. Since α-Sn
is not stable above 13 °C, it is essential that Sn does not form any stable nuclei or
tetragonal β-Sn will preferentially grow instead of the Sn atoms incorporating into cubic
Ge nuclei. A wet chemical synthesis has allowed us to overcome the formation of β-Sn
by manipulating the nucleation stage of the synthesis. To ensure no Sn nuclei are formed,
the overall concentration of SnCl2 was kept low and the nucleation temperature was kept
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slightly below the melting point of β-Sn. The low concentration of SnCl2 has led to the
formation of cubic Ge1-xSnx nanoalloys without any detectable Sn impurities. In this study,
SnCl2 concentrations (Table 3.1) used were 2–10 times lower than those employed by
Ruddy et al. (~0.8–16.8 μM).61 It is likely that the low concentration of SnCl2 reduces the
probability of homogeneous Sn nucleation. In contrast, at high concentration of Sn (>15.0
μM of SnCl2), β-Sn was often formed (Figure 3.1) due to higher stability of β-Sn over αSn at high temperature conditions. Moreover, the rapid reduction of SnCl2 by BuLi is found
to be essential for the successful growth of homogenous nanoalloys. Increasing the
nucleation temperature from 200 to 230 °C has sufficiently increased the reactivity of
BuLi, which ensures the rapid and complete co-reduction of Ge and Sn precursors into
homogeneous alloy nuclei. It is likely that the injection at 230 °C, just below the melting
point of Sn, further reduces the probability for stable β-Sn nuclei to form. In addition, the
1 h. at 300 °C needed for sufficient crystallization of Ge NCs was unnecessary for Ge 1xSnx nanoalloys.

Since the time required to ramp the temperature from 210 to 300 °C (~7–

8 min) has proved sufficient to produce highly crystalline Ge 1-xSnx nanoalloys, it is likely
that Sn reduces the energy required for crystallization and growth events relative to those
of pure Ge.
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Figure 3.1. (a) Powder X-ray diffraction pattern of the Ge1-xSnx nanocrystals prepared by
reduction of GeI2 and SnCl2 in 4 mL of oleylamine (Sn concentration =16.8 μM) at 200 C.
High concentrations of Sn (>15 µM) leads to phase segregation and formation of
thermodynamically stable β-Sn impurities. The PDF patterns of (b) tetragonal β-Sn (PDF#
00-004-0673) and (c) cubic Ge (PDF# 01-089-5011) and are also shown.
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Scheme 3.1. An illustration of the synthesis of Ge1-xSnx alloy NCs. Fast chemical coreduction of precursor halides dissolved in oleylamine (OLA), followed by the growth of
resulting alloy nuclei at 300ºC has been successfully utilized to produce homogeneous
Ge1-xSnx nanoalloys.

3.3.2 Structural Properties and Thermo-Stability of Ge1-xSnx Nanoalloys.
Initially, NCs with crystal size ranging from 15–17 nm were produced to adequately
study the changes in structural characteristics. Subsequently, the efforts were shifted to
produce smaller NCs (3.4–4.6 nm) to probe both the effects of quantum confinement and
Sn alloying on optical properties. Phase pure Ge1-xSnx NCs (15–17 nm) with compositions
in the range of x=0.050–0.279 were successfully produced by co-reduction of GeI2 and
SnCl2 at 230 °C, followed by the growth of resulting nuclei at 300 °C for 10 min (Table
3.1). To confirm the structural homogeneity of alloy NCs and the absence of the
undesirable by-products, Powder X-ray diffraction (PXRD) was utilized. Diffraction
patterns suggest the incorporation of Sn into Ge, based on an expansion of the cubic Ge
lattice (Vegard’s Law).19 This effect has been clearly observed via a shift in Bragg
reflections to lower 2θ angles with increasing Sn composition (Figure 3.2A). However, the
NCs do deviate from Vegard’s Law, which can be attributed to minor strain in the Ge 160

xSnx

alloy lattice possibly caused by the alloy disorder.86, 99 Occasionally, a small peak is

observed near 26° 2θ, attributable to GeO2, which we ascribe to surface oxidation. The
lattice parameters calculated from PXRD patterns are shown in Figure 3.2B and Table
3.2 further reflecting an expansion of the cubic Ge lattice.
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Figure 3.2. (A) PXRD patterns of the diamond-like cubic Ge1-xSnx NCs with crystallites in
the range of 15–23 nm: (a) β-Sn PDF# 00-004-0673 (b) α-Sn PDF# 01-086-2266 (c) Ge
PDF# 01-089-5011, (d) x=0.000, (e) x= 0.050, (f) x=0.120, (g) x=0.197, (h) x=0.279.
Elemental compositions were obtained from inductively coupled plasma optical emission
spectroscopy (ICP-OES). Occasionally, a small peak is observed at 2θ =26.1° that can
be attributed to minor degree of GeO2 formation from surface oxidation. (B) A plot
illustrating the lattice parameters obtained for Ge1-xSnx alloy NCs (black triangles) based
on PXRD patterns and theoretical lattice parameters calculated based on the composition
using Vegard's law19 (red squares).
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Table 3.2. Elemental composition and crystallite size of larger (15-23 nm) Ge1-xSnx alloy
nanocrystals prepared by co-reduction of GeI2 and SnCl2 in 10 mL of oleylamine at 230
C followed by growth at 300 C for 10 min. Lattice parameters calculated based on the
diffraction patterns are also shown.
Crystallite Sizec Lattice Parameter
(nm)
(Å)

Sample

Sn composition
(x)a

Atomic % Snb

Ge

0

0

23.1

565

Ge0.950Sn0.050

0.050 ±0.006

5.32 ±0.61

17.1

571

Ge0.880Sn0.120

0.120 ±0.006

8.20 ± 0.70

16.2

578

Ge0.803Sn0.197

0.197 ± 0.005

13.74 ± 1.40

15.8

584

Ge0.721Sn0.279

0.279 ±0.004

23.21± 0.85

15.7

587

a

Elemental compositions were obtained as mol % Sn from ICP-OES averaging 3

measurements per sample.
b Atomic

compositions were obtained from SEM/EDS, atomic percentage averaged from

5 spots per sample.
c

Calculated using the Scherer equation after applying appropriate correction for

instrumental broadening using a Si standard.
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Raman spectroscopy was employed to further study the effects of Sn alloying on NC
lattice. Bulk Ge exhibits a Raman peak at 300 cm -1 that corresponds to the LO phonon
mode of Ge-Ge bonds. The incorporation of Sn causes a red shift of Ge-Ge optical
phonon mode due to the heavier Sn atoms and longer Ge-Sn bonds, with a linear
dependence on Sn composition expected for strain free Ge 1-xSnx alloys.23,

86, 99

In

contrast, pure Ge NCs exhibit a Raman peak at 293.6 cm -1 in close agreement with the
confinement induced shifting of Ge-Ge phonon mode as reported in the literature. 100
Therefore, the combined effects of quantum confinement and Sn induced shifting cannot
be decoupled preventing quantification of any strain present in the alloy lattice. However,
a clear red shift of the Ge-Sn phonon mode (292.2-286.7 cm-1 for x = 0.050-0.279) is
observed with increasing Sn content for alloy NCs with similar diameters (15-17 nm),
which is likely attributed to strain in the alloy lattice (Figure 3.3). The broadening of GeSn peak is consistent with the increasing alloy disorder with increasing Sn composition.86,
99

Currently, further studies are under way to better control and understand the strain in

as-prepared nanoalloys via post synthetic modification. Moreover, no specific signals
were observed in the Raman spectra that correspond to surface ligands (Figure 3.4).
Nonetheless, two broad Raman bands were observed at 1347 cm-1 and 1570 cm-1, which
can be attributed to amorphous carbon produced via laser induced decomposition of the
organic surfactants.101 Consistent with PXRD analysis, the minor peaks observed at 437
cm-1, 550 cm-1, and 880 cm-1 are assigned to small amount of GeO2 produced via surface
oxidation.102 However, peaks corresponding to SnOx species were not found in any of the
NC samples.
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Figure 3.3 Raman spectra of Ge1-xSnx alloy NCs with crystallite size in the range of 1517 nm and varying Sn compositions: (a) x= 0.000, (b) x= 0.050, (c) x= 0.120 and (d) x=
0.279. Elemental compositions were obtained from ICP-OES. Spectra are normalized to
clearly demonstrate the shifting of LO phonon mode of Ge-Ge and Ge-Sn bonds.
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Figure 3.4. Raman spectra of (a) SnO2 powder (> 99.99% obtained from Sigma-Aldrich)
along with Ge1-xSnx nanocrystals with crystallite size in the range of 15-23 nm and Sn
compositions of (b) x = 0.279, (c) x = 0.050, and (d) x = 0.00. The elemental compositions
were obtained from ICP-OES analysis.
It is significant to note that the diffraction patterns suggest that even in the NCs with a
high Sn content (x=0.279), only cubic Ge1-xSnx peaks are present and both α-Sn and βSn are not detected. This represents the highest Sn composition achieved for Ge 1-xSnx
NCs without phase segregation.51, 61 Lack of Bragg reflections corresponding to α- or βSn suggests that the NCs are homogenous alloys and not core/shell-type
heterostructures. Furthermore, since β-Sn has a low crystallization temperature it is
expected that if any Sn had formed on its own it would be highly crystalline. As such, the
potential for the presence of amorphous Sn is extremely low. However, we did observe
the growth of β-Sn through PXRD similar to the previous reports on Ge 1-xSnx NCs51, 61
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(Figure 3.1). Details about the factors that led to successful elimination of β-Sn are
discussed in the previous section. While those previous studies achieved x=0.01 and
x=0.05 Ge1-xSnx without β-Sn, the colloidal route reported here has accomplished Sn
concentrations as high as x=0.279 for phase pure Ge 1-xSnx nanoalloys. Low resolution
transmission electron microscopy (LRTEM) images of 15–17 nm NCs indicate wide
dispersity of spherical particles. Two distinct populations of NCs were observed in the asprepared samples (Figure 3.5), larger NCs ranging from 10–20 nm and smaller NCs
ranging from 2–6 nm. The formation of two populations could be a result of smaller
particles being formed during the rapid nucleation process and incomplete growth into
larger crystallites during the shorter growth time (10 min.) employed in the synthesis.

(A)

(B)

Figure 3.5. Transmission electron micrographs of the larger Ge0.880Sn0.120 alloy
nanocrystals prepared by co-reduction of GeI2 and SnCl2 in 10.0 mL of oleylamine at 230
C (A, B). Samples were polydisperse with two distinct populations of NCs: larger NCs
with size ranging from 10–23 nm and smaller NCs with size in the range of 2–6 nm.
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The solid state DRFTIR spectra obtained for as-prepared alloy NCs (15–23 nm)
were converted to absorption using the Kubelka-Munk remission function.71,

77

The

incorporation of Sn significantly red shifts the absorption band onsets of Ge 1-xSnx NCs
relative to single element Ge NCs (Figure 3.6). Mid IR bandgaps of 0.41–0.26 eV were
obtained for x= 0.120–0.279 at crystallite sizes of 15–17 nm, suggesting weak or no
confinement effects in this size regime. Hence, efforts were focused on the synthesis of
significantly smaller NCs without the presence of larger crystallites to investigate both the
effects of quantum confinement and Sn alloying. Nevertheless, the successful synthesis
of larger NCs suggests that the synthetic strategy reported herein produces
homogeneous Ge1-xSnx nanoalloys without the presence of undesired metallic impurities.
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Figure 3.6. (A) Diffuse reflectance FTIR spectra (converted to absorption using KubelkaMunk remission function) for (a) Ge nanocrystals (~23 nm, bandgap ≈0.70 eV) and the
(b) bulk Ge powder (purchased from Sigma Aldrich, bandgap ≈0.64eV) along with (B) 1517 nm Ge1-xSnx alloy nanocrystals displaying (a) x=0.120 (bandgap ≈0.41 eV) (b) Ge1xSnx

x=0.279 (bandgap ≈0.26 eV). Pronounced peaks observed in the 0.2-0.5 eV are

attributed to amine and alkene groups of the surfactant ligands (oleylamine and
octadecene) used in the synthesis.
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To provide further evidence that Ge1-xSnx NCs are free from Sn segregation, scanning
TEM- energy dispersive spectroscopy (STEM-EDS) elemental line scans were recorded
to confirm the compositional uniformity of nanoalloys. The dark and bright field STEM
images and the corresponding elemental line scan recorded from a single Ge0.890Sn0.110
NC are shown in Figure 3. Additional lines scans are presented in Figure 3.7. No spikes
in Sn composition were detected in any of the NCs examined indicating that Sn is evenly
distributed throughout the nanocrystalline Ge1-xSnx lattice (Figure 3.8C). Similar results
were obtained from alloy NCs with other compositions supporting the view that Ge 1-xSnx
nanoalloys obtained from this route are homogeneous solid solutions. In addition, the
HRTEM image of the corresponding Ge0.890Sn0.110 alloy NC indicates a (111) lattice
spacing of 3.4 Å, which is slightly larger than that of pure Ge (3.3 Å)64 further confirming
the expansion of cubic Ge lattice (Figure 3.8A).
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Figure 3.7. The STEM-EDS line scans of (A) Ge0.890Sn0.110 and (B) Ge0.803Sn0.197 alloy
NCs indicating no inconsistences between Ge and Sn distributions throughout the
nanocrystalline Ge lattice. The corresponding dark field STEM image is shown to the
right.
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Figure 3.8. (A) The bright and (B) dark field high resolution TEM images of Ge 0.890Sn0.110
alloy NCs. (C) STEM-EDS line scan showing the compositional ratio of Ge and Sn is
consistent across the entire particle.
X-ray photoelectron spectroscopy (XPS) was used to examine the surface species of
Ge1-xSnx nanoalloys. A typical XPS spectrum of Ge1-xSnx NCs is shown in Figure 4A
depicting the Ge 3d region. The peak at 28.6 eV corresponding to Ge 0 (3d5/2 and 3d3/2) is
shifted from the expected value of 29.4 eV103 likely due to surface charging effects
commonly observed in semiconductor NCs.104 Higher energy peak at 30.8 eV (Ge 3d) is
likely to arise from surface Ge atoms coordinated to passivating organic ligands. The peak
at 34.0 eV (Ge 3d) is attributed to minor amount of GeO2 produced via surface oxidation.23
The broad nature of the 30.8 eV peak (full width at the half maximum = 2.44 eV) suggests
multiple oxidation states, Ge1+ (30.3 eV), Ge2+ (31.4 eV) Ge3+ (32.4 eV), resulting from
multimodal binding of ligands to surface species, with the possible presence of Ge-C, GeN, Ge=C and Ge=N bonds.103, 105 Similar behavior has been observed in the Sn 3d region
(Figure 3.8B). Sn0 is present as indicated by the peaks at 484.2 eV and 492.7 eV that
corresponds to Sn 3d5/2 and Sn 3d3/2 binding energies, respectively.106 Peaks at 486.5
eV and 494.9 eV corresponding to Sn 3d5/2 and 3d3/2 indicate the presence of Sn2+ and
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Sn4+ on the NC surface suggesting that surface Sn atoms are also passivated with
stabilizing ligands. While minor GeO2 impurities have been detected through PXRD
analyses (Figure 3.2A), no SnOx species has been detected in the Raman spectra of
corresponding samples (Figure 3.4). Despite the use of rigorous air free synthetic
procedures, it is suspected that the formation of GeO 2 occurs during ambient isolation
and purification of NCs as weakly bound surfactant ligands can be lost via excessive
washing and centrifugation.65
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Figure 3.9 (A) Ge 3d and (B) Sn 3d XPS spectra of Ge0.721Sn0.279 alloy NCs. Dotted lines
represent the spectral data. The green lines are fitted peaks for Ge0/Sn0 species and the
red lines are fitted peaks to different oxidation states of surface speciation and the blue
line is fitted to suspected surface oxidation.
To investigate the nature of the ligand coverage on the NC surface, thermogravimetric
analysis (TGA) was employed. Samples were loaded onto platinum pans under ambient
conditions and heated at 10 °C min-1 up to 600 °C under N2 flow. Three major weight
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losses were observed at 100-150 ºC, 200-300 °C, and 340-410 ºC (Figure 3.10). The
weight loss up to 150 °C is attributed to trapped moisture whereas from 200-300 °C is
attributed to butyl groups bound to the NC surface. The largest desorption event takes
place from 340–410 °C consistent with OLA acting as the major capping ligand. 107
Surprisingly, the PXRD analysis of the annealed samples revealed that NCs heated to
600°C were free of Sn segregation (Figure 3.11A). However, significant growth of GeO 2
had occurred, which likely provided a barrier against Sn segregation. Despite TGA being
carried out under a flow of inert gas, it is suspected that the oxide formation is a direct
result of moisture trapped in the NC powder from being exposed to ambient conditions.
To further study the thermal stability of Ge1-xSnx NCs without any capping oxide
formation, a systematic annealing study under rigorous inert conditions was implemented.
Dried NC powders were thoroughly degassed in a vacuum chamber and stored in a N 2
atmosphere for 1 week prior to being inserted into a tube furnace under high purity argon.
The samples were introduced 200 °C below the final temperature and ramped to a desired
holding temperature for 30 min. prior to being cooled to room temperature. PXRD patterns
of the annealed samples (Figure 3.11B) indicate that Ge 1-xSnx NCs undergo minimal
crystal growth and no Sn segregation up to 400-500 °C. However, the segregation of Sn
is clearly observed at 600 °C and 700 °C via the evolution of diffractions from the (200)
and (101) planes of β-Sn (PDF# 00-004-0673, Figure 3.11B). It is significant to note that
the NCs heated at 400 °C for 30 min. exhibit minimal sintering, 13.3 nm as-prepared to
15.4 nm post annealed, as determined by Scherrer equation. The only significant change
to the NC structure at 400 °C is the relaxation of tensile strain of the Ge lattice and the
development of compressively strained Ge1-xSnx,86 indicated by the shift in diffraction
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peaks to higher Bragg angles (Figure 3.11B). Based on TGA data performed under similar
experimental conditions (Figure 3.10), the NC surface should be free of ligands above
400 °C allowing for direct contact between particles without the loss of the desired
properties.
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Figure 3.10 A representative thermogravimetric plot of Ge0.908Sn0.092 alloy NCs. Weight
loss up to 150 °C is attributed to trapped moisture, from 200-300 °C is attributed to butyl
groups bound to the NC surface and from 350-450 °C is attributed to oleylamine and
octadecene passivating ligands.
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Figure 3.11 (A) Ge0.860Sn0.140 NCs (size=15.9 nm) heated during TGA undergo significant
sintering and oxidation but no Sn segregation. (a) β-Sn PDF# 00-004-0673, (b) GeO2
PDF# 00-036-1463, (c) Ge PDF# 01-089-5011 along with PXRD patterns of Ge0.860Sn0.140
NCs (d) post and (e) pre-TGA annealing. (B) A systematic rigorous air free annealing
study on Ge0.860Sn0.140 NCs (starting crystallite size=13.3 nm) monitored by PXRD
showing the thermo-stability of samples up to 400 °C. (a) (β-Sn PDF# 00-004-0673), (b)
(Ge PDF# 01-089-5011), (c) as-prepared NCs, along with NC annealed at (d) 400, (e)
500, (f) 600, and (g) 700 °C.
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In addition, elemental analysis of the annealed samples indicates no loss of Sn after
the heating profiles. It should be noted that the ability to remove ligands with minimal
changes to properties is highly advantageous for the fabrication of self-assembled NC
thin films for future device applications.
3.3.3 Confinement Effects and Compositional Dependent Optical properties.
To systematically study the effects of quantum confinement across different
concentrations of Sn, a set of significantly smaller Ge 1-xSnx nanocrystallites were
produced with average size in the range of 3.4–4.6 nm. The successful elimination of the
larger NCs from the system was accomplished through lowering the concentration of the
metal precursor by increasing the solvent (OLA) volume, which further reduces the
probability of Sn atoms forming homogeneous nuclei and subsequent growth into β-Sn
particles. Additionally, it is noted that as more Sn is incorporated into the reaction mixture
the catalytic effects of Sn increases resulting in wider size dispersity than desired.
Currently studies are being performed to improve the synthesis for specific Sn
concentrations so that better size and dispersity control may be achieved. Nevertheless,
this section investigates the evolution of the nature and energy of the bandgaps of asprepared Ge1-xSnx NCs as a function of Sn composition. For the ease of comparison, the
smaller Ge1-xSnx nanoalloys are abbreviated numerically as (1) x=0.000, (2) x=0.033, (3)
x=0.056, (4) x=0.077, (5) x=0.088, (6) x=0.092, (7) x=0.116 as shown in Table 3.3. The
phase purity of smaller Ge1-xSnx NCs is confirmed by PXRD, which shows only the Bragg
reflections corresponding to diamond-like cubic structure and no detectable diffraction
corresponding to GeO2, β-Sn, or any other impurities (Figure 3.12). Significant line
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broadening is evident as a result of Scherrer scattering consistent with the smaller NCs
produced. Diffractions corresponding to the (220) and (331) planes of cubic Ge exhibit
minor overlap owing to the combined scattering from each plane. The broad nature of the
Bragg reflections makes it difficult to observe a systematic shift in the diffraction angles
expected from the incorporation of Sn. However, the examination of 15–23 nm Ge1-xSnx
NCs produced by employing a similar synthesis suggests that smaller Ge 1-xSnx
nanocrystallites are likely to exhibit a similar shift in Bragg reflections as a function of Sn
composition (Figure 3.2). To further investigate the size, shape, and composition of
smaller Ge1-xSnx nanoalloys TEM was employed.
The primary particle sizes of the smaller Ge1-xSnx nanoalloys were obtained from TEM
analysis providing evidence that the formation of larger NCs has been successfully
eliminated or reduced for all samples (Figure 3.13). In general, as-synthesized NCs are
spherical in morphology and are narrowly dispersed with size in the range of 3.4–4.6 nm.
The size histograms of Ge1-xSnx NCs without any post synthetic size selection are shown
in Figure 3.14. The effects of increasing Sn concentration on nucleation and growth of
nanoalloys can be clearly observed through changes in size dispersity and increase in
average particle size. Pure Ge NCs 3.4 ± 0.4 nm, sample (1), are narrowly dispersed and
primarily consist of spherical crystallites (Figure 3.13A). Introduction of even low
concentrations of Sn, results in significant changes to size dispersity, and this effect
worsens as higher levels of Sn are incorporated. Figure 3.13B and 3.13C correspond to
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Table 3.3 Comparison of the elemental composition, crystallite and primary particle sizes,
and optical band gaps from (hνα)², (hνα)½, corresponding to direct and indirect electronic
transitions, along with band energies obtained from Kubelka-Munk (KM) function for 3.44.6 nm Ge1-xSnx NCs.
Sn

Atomic %

Particle

Crystallite

(hνα)²

(hνα)½

(KM)

composition

Sn

Size (nm)c

size

Eg

Eg

Eg

ICP-OES (x)a

SEM/EDSb

(PXRD)d

(eV)e

(eV)e

(eV)e

1

0.000

0.000

3.4 ± 0.4

2.3 ± 0.2

1.47

1.31

1.29

2

0.033 ± 0.007

0.030

4.1 ± 0.8

2.9 ± 0.2

1.53

1.23

1.15

3

0.056 ± 0.002

0.044

4.0 ± 0.8

2.9 ± 0.2

1.43

1.20

1.08

4

0.077 ± 0.008

0.064

4.3 ± 1.2

3.2 ± 0.2

1.51

1.59

0.99

5

0.088 ± 0.012

0.073

4.1± 1.0

3.4 ± 0.2

1.39

1.39

0.88

6

0.092 ± 0.014

0.089

4.3 ± 1.4

3.7 ± 0.3

1.15

1.15

0.75

7

0.116 ± 0.017

0.110

4.6 ± 1.2

2.6 ± 0.2

0.95f

0.75f

n/af

Sample

a

Elemental compositions were obtained as mol % Sn from ICP-OES averaging 3
individual measurements per sample.
b Atomic

compositions were obtained from SEM/EDS, atomic percentage averaged from
5 spots per sample.
c

Average particle size was calculated from counting 125-150 individual NCs from TEM
images.
d

Calculated using the Scherer equation93 after applying appropriate correction for
instrumental broadening using a Si standard.
e Optical

bandgaps were estimated from extrapolating the first major absorption onset to
the intersection point of the baseline using linear fits.71, 72, 108
f Onset

cut off by detector limitation.
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Figure 3.12 Power X-ray diffraction patterns of 3.4–4.6 nm Ge1-xSnx NCs with Sn
compositions ranging from (1) x=0.000, (2) x=0.033, (3) x=0.056, (4) x=0.077, (5)
x=0.088, (6) x=0.092, (7) x=0.116. The cubic Ge reference pattern (PDF# 01-089-5011)
is shown as vertical black lines.
samples (2) and (3) respectively, particles are spherical but size dispersity has slightly
increased relative to sample (1). Furthermore, at higher Sn concentrations it is apparent
that the dispersity further increases, as seen in Figure 3.13D, 3.13E, and 3.13F.
Nonetheless, the HRTEM studies suggest that Ge0.884Sn0.116 NCs are single crystalline
with a lattice spacing of 3.4 Å (Figure 3.13H), which is consistent with an expanded (111)
plane of cubic Ge (3.3 Å).
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Figure 3.13. TEM Images of Ge1-xSnx NCs with Sn composition ranging from (A) x=0.000,
(B) x=0.033, (C) x=0.056, (D) x=0.077, (E) x=0.088, (F) x=0.092, (G) x=0.116. (H)
HRTEM of a single Ge0.884Sn0.116 NC showing the lattice fringe corresponds to (111) plane
of cubic Ge.
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Figure 3.14. Size histograms of Ge1-xSnx alloy NCs with average size in the range of
3.4-4.3 nm obtained from analysis of 125-150 individual nanocrystals from multiple TEM
images.
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Solution based UV-Visible-near-IR (NIR) spectra indicate absorption onsets from
850-1100 nm with sharp increases in the visible range similar to single element Si and
Ge NCs (Figure 3.15).65, 109 To probe the effects of size and composition on optical
bandgaps, solid state diffuse reflectance NIR spectroscopy was employed. The KubelkaMunk (KM) remission function, which converts the reflectance to pseudo-absorption, is
widely applied method for determining the bandgaps from reflectance data.71,

72

For

analysis of Ge1-xSnx nanoalloys, the reflectance data were converted to absorption using
KM function71, 72 and the bandgap measurements were made by extrapolating a least
squares linear regression of the first major onset of the absorption profile to the
intersection point of the baseline. Details about the extrapolation are provided more indepth in Table 3.4. The energy gaps obtained from KM analysis indicate strong quantum
size effects in Ge1-xSnx NC samples 1–7 (Figure 3.16) and a clear red shift with increasing
Sn composition (Table 3.3). Since the alloy NCs produced by this route have nearly the
same morphology and average particle size (4.1-4.6 nm), the systematic red shifts in their
band energies can be correlated to the effect of Sn (bandgap = 0.09 eV) 42 concentration
(x). It is significant to note that the bandgap values obtained from KM analysis (0.75-1.29
eV for x = 0.092-0.00) are significantly larger than those reported for Ge 1-xSnx thin film
alloys (0.35-0.80 eV for x= 0.15-0.00),15 consistent with the size confinement effects.
However, the KM analysis does not account for the type of transition occurring, which can
lead to underestimated measurements.
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Figure 3.15. UV-visible-NIR spectra of 3.6-4.3 nm Ge1-xSnx alloy NCs examined in this
study along with the Sn composition (1) x=0.000, (2) x=0.033, (3) x=0.056, (4) x=0.077,
(5) x=0.088, (6) x=0.092, (7) x=0.116.
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Table 3.4. Comparison of the elemental composition, primary particle sizes, and optical
band gaps from (hνα)², (hνα)½, corresponding to direct and indirect gap energies,
respectively and R squared values for the linear regressions used to determine bandgap
energies for 3.4-4.6 nm Ge1-xSnx NCs.
Sample

Sn
composition
ICP-OES (x)a

Particle Size
(nm)b

(hνα)²
Eg
(eV)c

R2

(hνα)½ Eg
(eV)c

R2

1

0.000

3.4 ± 0.4

1.47

0.9969

1.31

0.9954

2

0.033 ± 0.007

4.1 ± 0.8

1.53

0.9877

1.23

0.9983

3

0.056 ± 0.002

4.0 ± 0.8

1.43

0.9985

1.20

0.9981

4

0.077 ± 0.008

4.3 ± 1.2

1.51

0.9901

1.59

0.9671

5

0.088 ± 0.012

4.1± 1.0

1.39

0.9921

1.39

0.9921

6

0.092 ± 0.014

4.3 ± 1.4

1.15

0.9975

1.15

0.9983

7

0.116 ± 0.017

4.6 ± 1.2

0.95d

0.9899

0.75d

0.9955

a

Elemental compositions were obtained as mol % Sn from ICP-OES averaging 3
individual measurements per sample.
b

Average particle size was calculated from counting 125-150 individual NCs from TEM
images.
c Optical

bandgaps were estimated by extrapolating the first major absorption event of the
experimental data to the intersection point of the baseline. To reduce inconsistencies in
the extrapolation least squares linear fits were employed on the experimental data. The
points selected for fitting with the linear regression was typically covered a range of 0.4
electron volts. To obtain the best linear fits the experimental data range selected was
allowed to vary from 0.3 electron volts to 0.6 electron volts. It is important to note multiple
permutations of data ranges were analyzed for each sample. Only insignificant variations
of bandgap values were observed regardless of the fitting range selected therefore only
the fits with the best R2 values were used to estimate the bandgap of the Ge 1-xSnx NCs.
d Onset

cut off by detector limitation.
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Figure 3.16. Diffuse reflectance spectra (converted to absorbance using Kubelka-Munk
remission function) of 3.6-4.3 nm Ge1-xSnx alloy NCs as a function of Sn composition. (1)
x=0.000, (2) x=0.033, (3) x=0.056, (4) x=0.077, (5) x=0.088, (6) x=0.092, and (7) x=0.116.
It is important to note that bulk Ge exhibits a fundamental indirect gap of 0.67 eV and
a higher energy direct gap of 0.80 eV.28 The addition of Sn into Ge has been shown to
greatly reduce both energy gaps,14, 15, 23, 24, 27, 28, 87 however currently there are no studies
that show the effects of quantum confinement on indirect and direct band energies.
Hence, to account for different electronic transitions, the Tauc equations for both indirect
and direct bandgaps were utilized for comparision.64, 72, 73, 108, 110-113 Tauc equation states
that the absorption coefficient (α) of a semiconductor is proportional to the density of
states for a given transition (hν - Eg)1/n where n = 2, 2/3, ½, 1/3 corresponds to the interband transitions of an allowed direct gap, forbidden direct gap, allowed indirect gap, and
forbidden indirect gap, respectively.72 Consistent with literature studies, we have utilized
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the assumption that the product of KM conversion ∝ α71, 72 allowing for the reflectance
data to be employed in the Tauc analysis (Equation 1),73 where α is the absorption
coefficient, hν is the photon energy, Eg is the bandgap and A is the proportionality
constant.
𝛼(ℎ𝜈)𝑛 = 𝐴(ℎ𝜈 − 𝐸𝑔 )

(1)

The direct and indirect bandgaps of Ge1-xSnx alloy NCs were obtained by plotting (αhν)n
verses hν obtained from corresponding Tauc equations. 9,

72, 73, 108, 110-112

Bandgap

energies were determined by extrapolating from least squares linear regressions of the
first major absorption onset of (αhν)n to the intersection point of the baseline (Figure 3.17,
Table 3.4 and Table 3.3) as reported in the literature. Details about the regression fits are
provided more in-depth in Table 3.4. Tauc analysis suggests indirect bandgaps in the
range of 1.31-0.75 eV and direct bandgaps in the range 1.47-0.95 eV for as-prepared
nanoalloys with x = 0.000-0.116 (Table 3.3). Slight differences are seen between the three
methods of bandgap determination. While all three are consistent in demonstrating an
overall decrease energy with increasing Sn composition is observed (Figure 3.18 & 3.19
Table 3.5). However, both indirect and direct gap methods indicate slight various possibly
due to changes in the band structure or quantum confinement. As previously discussed,
it has been predicted that Ge1-xSnx thin film alloys exhibit an indirect to direct transition
from 6.3-11% Sn17, 23-26, 30, 31, 36 which has been experimentally observed for x = 7.18.6%.23-25 It is likely that Ge1-xSnx NCs follow a similar trend, nonetheless further
experimental and theoretical studies including steady state and ultrafast absorption and
emission spectroscopy analyses, which are beyond the score of current work are needed
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to conclusively confirm this transition. Specific studies to probe the evolution of band
structure as a function of Sn composition are currently underway.
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Figure 3.17 Tauc plots of Ge1-xSnx alloy NCs. (A) sample 1-3 plotted with indirect-gap
Tauc function, (B) sample 1-3 plotted with direct-gap Tauc function, (C) sample 4-7
plotted with indirect-gap Tauc function and (D) sample 4-7 plotted with direct-gap Tauc
function. Solid line represents linear regressions; dashed lines are baselines. The
average Sn compositions obtained from ICP-OES analysis are (1) x=0.000, (2) x=0.033,
(3) x=0.056, (4) x=0.077, (5) x=0.088, (6) x=0.092, and (7) x=0.116.
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Figure 3.18. Representative EDS spectrum of Ge1-xSnx NCs. C, O, and Al signals are
originating from the carbon tape and aluminum sample holder. Si and P suspected
impurities due to the use of molecular sieves for solvent drying.
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Figure 3.19 Bandgap values obtained from three different functions A) Direct gaps from
(hνα)² B) Indirect gaps from (hνα)½ C) Energy gaps obtained from the Kubelka-Munk
function.
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Table 3.5 Atomic %Sn values obtained from 5 points per sample in SEM/EDS for 3.64.3 nm Ge1-xSnx alloy NCs.
Sample

3.4

Sn atomic %

Average %

2

2.91

2.98

3.21

2.67

3.13

2.98

3

4.61

4.30

4.02

4.52

4.37

4.36

4

6.62

6.83

5.87

6.53

6.38

6.44

5

6.56

6.72

8.10

6.91

7.97

7.25

6

8.96

8.93

8.96

9.24

8.63

8.94

7

10.86

10.79

10.92

10.89

11.2

10.93

Conclusions
We have successfully produced two different size sets of homogeneous Ge 1-xSnx alloy

NCs displaying Sn composition in the range of x = 0.000–0.279 using a low temperature
colloidal synthesis. The larger set of NCs (15–23 nm) provides an accurate measure of
the structural characteristics as a function of Sn composition and suggests a high
solubility of Sn in nanocrystalline cubic Ge for OLA passivated particles. The successful
incorporation of Sn into Ge has been confirmed with PXRD, STEM-EDS, and Raman
spectroscopic studies and the increase in the inter-planar distance was further confirmed
through HRTEM studies. Thermal stability has been examined in samples exposed to air
as well as kept in rigorous inert conditions. Ge1-xSnx NCs demonstrate moderate
resistance against phase segregation even at elevated temperatures (400–500 °C)
without any surface capping layer. While many studies have been done on the contraction
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of the band energies in Ge1-xSnx alloy films,14,

15, 27, 28

to our knowledge this study

communicates the first report on the dependence of bandgaps of colloidal Ge1-xSnx NCs
as a function of size and Sn composition. The larger Ge 1-xSnx crystallites (15–23 nm)
exhibit band energies far below that of bulk Ge indicating lack of significant size
confinement. In contrast, strong quantum size effects were observed for smaller Ge1-xSnx
nanoalloys (3.4–4.6 nm) resulting in a wide range of direct and indirect band energies
throughout much of the NIR spectrum. Despite the red shift induced via incorporation of
Sn the fundamental energy gaps of Ge1-xSnx nanoalloys were well above than those of
the non-confined bulk counterparts (0.35 - 0.80 eV),13 consistent with the quantum size
effects.
Further optimization in size and dispersity control over variable Sn concentrations are
being performed. The effort in the future will be focused on elucidating the luminescent
properties of Ge1-xSnx NCs and achieving a better insight into the growth kinetics of
nanoalloys as a function of Sn composition. As more and more efforts are put into the
study of new semiconducting systems in order to produce high quality materials that are
both stable and have low to no toxicity, Ge1-xSnx alloys have great potential as both a
narrow direct gap thin film material and now as quantum dots with composition tunable
bandgaps. We have demonstrated the successful synthesis of Ge1-xSnx NCs free of
segregated Sn at concentrations far exceeding the previous two reports, 51, 61 with strong
optical absorption and high thermal stability. The colloidal synthesis developed here
allows for the low-cost solution based processing for thin film fabrication, which is more
cost effective than previously reported molecular beam epitaxy and chemical vapor
deposition methods.
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CHAPTER 4
Ultra-small Ge1-xSnx Quantum Dots with Visible
Photoluminescence
4.1

Introduction

Development of direct bandgap materials from low-to-nontoxic, earth-abundant Group
IV elements, has been a long-term goal in semiconductor research. Ge1-xSnx alloys have
been demonstrated as prime candidates to fill this position. Alloying with Sn allows energy
gap tuning and improves light-matter interactions, which otherwise are weak in the case
of indirect bandgap Si and Ge. When the Sn composition in Ge1-xSnx thin films exceeds
x = 0.06-0.20 (depending on strain), the material is expected to be a direct bandgap
semiconductor.14, 15, 22-24 However, the amount of Sn required for the indirect to direct
bandgap transition, also reduces the gap energies deep into the infrared region (0.350.80 eV for x = 0.15-0.00).14, 15, 28 To extend the spectral range into visible and near
infrared spectrum and improve the efficiency of the optical transitions, there has been
increased interest in producing Ge1-xSnx nanostructures to exploit quantum confinement
effects.65 High-quality Ge1-xSnx nanowires have been previously reported,58, 60 however
the larger nanowires did not exhibit size confinement effects due to smaller excitonic Bohr
radius of Ge (11.5 nm).114 In contrast, there have been two reports on the synthesis of
Ge1-xSnx NCs, reporting energy gaps from weakly confined (1.04-0.41 eV)63 and
somewhat strongly confined (1.29-0.75 eV)59 regimes. In both reports, the incorporation
of Sn has been shown to significantly redshift the energy gaps when the particle size is
held

constant,

consistent

with

alloying
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effects.

However,

comprehensive

photoluminescence (PL) studies on Ge1-xSnx quantum dots (QDs) are still lacking, in part
due to the low success of synthesizing phase pure, luminescent QDs combined with the
fairly low quantum yields achieved.40
In this study, we have explicitly focused on Ge1-xSnx QDs that are smaller than 3.0 nm
to elucidate the full potential of quantum confinement effects. The resultant ultra-small
QDs exhibit energy gaps in the visible spectrum with composition dependent
photophysical properties. The structure and morphology of the QDs were examined with
powder X-ray diffraction (PXRD) and transmission electron microscopy (TEM). The
structural analysis indicates a diamond cubic structure as expected for Ge 1-xSnx NCs and
thin film alloys.58 Solid-state absorption and emission studies indicate strong confinement
effects with absorption onsets ranging from 1.55-2.16 eV and PL peak maxima from 1.722.05 eV (620-720 nm) for x = 0.018-0.236. Ab initio hybrid functional calculations revealed
energy gaps in close agreement with the experimental results, confirming measured QD
sizes and compositions.
4.2

Experimental Section

4.2.1 Materials.
Germanium diiodide (99.99+ %) and tin dichloride (>99.9985 % Ultra-Dry), were
purchased from Strem Chemicals and Alfa Aesar, respectively and stored in a N 2 glove
box. N-butyllithium (BuLi) 1.6 M in hexane was purchased from Sigma Aldrich. Organic
solvents such as, 1-octadecene (ODE, 90%), oleylamine (OLA, 80-90%), and
Rhodamine 101 inner salt (99%) were purchased from Fisher Scientific. ACS grade
solvents such as chloroform, toluene, carbon tetrachloride, and methanol were
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purchased from Acros. OLA and ODE were dried by heating at 120 °C under vacuum
for one hour prior to storage in a N2 glovebox. Methanol was dried over molecular
sieves and toluene was dried over Na and both were distilled prior to use. Carbon
tetrachloride was degassed by bubbling N2 through it and was stored under inert
conditions. (Caution: n-butyllithium is highly pyrophoric and must be handled in air free
conditions by properly trained personal. Carbon tetrachloride is highly toxic and its use
should be minimized to limit exposure.)
4.2.2 Synthesis of Ultra-Small (1-3 nm) Ge1-xSnx Quantum Dots (QDs)
A wet-colloidal strategy was used to produce Ge1−xSnx QDs with a diameter of
1.5-2.2 nm and Sn compositions of x = 0.018, 0.046, 0.066, and 0.236. Details of the
synthesis procedures have been discussed elsewhere,59 with the major change in
procedure being the varied concentration of the reducing agent. Briefly, the appropriate
molar ratios of GeI2 and SnCl2 (0.6 mmol total) and 20 mL of oleylamine were loaded
into a three neck round bottom flask under air-free conditions. This mixture was stirred
and degassed for ~8 min while heating to 115 °C then heated to 230 °C (~10 °C/min)
prior to injection of the reducing agent. The reducing agent used was n-butyllithium
(BuLi) diluted in 3 mL of 1-octadecene and the amount of BuLi used varied from 0.5-0.9
equivalents of the precursor halide concentration. After injection, the temperature was
ramped to 300 °C at a rate of ~6 °C/ min, before being cooled by compressed air (~5
min). Resultant QDs were isolated by a mixture of toluene ~5−10 mL followed by
methanol ~60−90 mL, and purified by dispersing in toluene and precipitating with
methanol twice.
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4.2.3 Synthesis of Larger, Polydisperse (5-20 nm) Ge1-xSnx QDs
A set of larger, polydisperse Ge1−xSnx QDs (5-20 nm) were produced for
STEM/EDS analysis, using a synthetic procedure reported in the literature. 59 Briefly, 0.6
mmol of metal halides, GeI2 /SnCl2, were heated in OLA at 115 °C to produce a
homogeneous orange color solution. This mixture was heated to 230 °C and BuLi (1.1
molar eq. of halides) in ODE (3.0 mL) was swiftly injected. Then the reaction was heated
to 300 °C and the growth stage was extended to 10 min at 300 °C to produce larger
polydisperse (5-20 nm) alloy NCs. This ensures a similar nucleation process for both ultra
–small and larger, polydisperse Ge1-xSnx NCs.
4.2.4 Isolation and Purification of QDs
After the desired growth time, the temperature was dropped below 100 °C and the
crude reaction mixture was mixed with 10 mL of freshly distilled toluene. Then, 60-90 mL
of freshly distilled methanol was added, the resultant mixture was centrifuged for 5 min to
obtain an orange color powder. The supernatant was discarded and the precipitate was
twice purified by dispersing in toluene and subsequent precipitation with methanol.
4.2.5 Characterization of QDs
Powder X-ray diffraction (PXRD) measurements were performed with a PANanalytical
X’Pert PRO X-Ray diffractometer calibrated with Si standard and equipped with a Cu Kα
anode (κα= 1.54 Å). Purified QDs were deposited on to a low background sample holder
and diffraction patterns were collected at 45 kV and 40 mA operating conditions. A Cary
6000i spectrophotometer (Agilent Technologies) was used for solution absorption
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measurements and solid state diffuse reflectance (DRA) with an internal DRA 2500
attachment. Solid sample measurements were performed by mixing the dry QDs in a
BaSO4 matrix prior to analysis. Elemental compositions were recorded by energy
dispersive spectroscopy (EDS). EDS data were obtained in a Hitachi FE-SEM Su-70
scanning electron microscope (SEM) operating at 20 KeV with an in-situ EDAX detector.
Dried QDs were adhered to an aluminum stub with double sided carbon tape prior to
analysis. The elemental compositions were determined by averaging the atomic
percentages of Ge and Sn acquired from 5 individual spots per sample. X-ray
photoelectron spectroscopy (XPS) analyses were performed with a Thermofisher
ESCALAB 250 equipped with Al κα source. Samples were prepared by pressing them
into indium foil (Sigma Aldrich) which was adhered to an aluminum stub with conductive
carbon tape. Low resolution transmission electron micrographs (TEM) were recorded
using a Zeiss Libra 120 microscope operating at an accelerating voltage of 120 kV. High
resolution TEM (HRTEM) analyses were performed on a JEOL 2000FX scanning
transmission electron microscope with LaB6 source operating at 200 kV. Scanning
transmission electron microscopy (STEM) and HRTEM images were recorded on a FEI
Titan 8300 microscope equipped with a Gatan 794 multiscan camera operating at 200
kV. TEM samples were prepared by drop casting ~5 μL of NCs, dispersed in CCl4, onto
a carbon coated copper grids and evaporating the solvent. Photoluminescence (PL)
studies were performed using a frequency doubled Ti:sapphire laser (385 nm wavelength,
150 fs pulse width, 160 kHz to 80 MHz repetition rate) as the excitation source. The
detector was a liquid N2 cooled charge coupled device (CCD) camera connected to a
spectrometer. Samples were drop cast onto a clean Si substrate and dried and stored
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under nitrogen. Quantum yield measurements were performed on a Cary Eclipse
fluorescence spectrophotometer (Agilent Technologies). Rhodamine 101 and Ge x-1Snx
QDs were dissolved in CHCl3 and the concentrations were adjusted so that the optical
densities were matched at the respective excitation energies. Annealing studies were
performed in a quartz tube under high purity argon flow, in a Thermo-Scientific Lindenburg
Blue M furnace. Raman spectra were acquired using a Horiba LABram HR Evolution
Confocal Raman Spectrometer equipped with a 532 nm laser with powder samples
deposited on an aluminum substrate.
4.2.6 Theoretical Electronic Structure Calculations of QDs
Calculations were performed for Ge1-xSnx QDs with diameters of 2.1 nm and 2.7
nm, with dangling bonds passivated by hydrogen. Since hybrid functional structure
relaxations are computationally demanding (and likely in this case unnecessary), lattice
relaxations were performed using the generalized gradient approximation (GGA)115 to the
density functional theory, with forces minimized to 0.05 eV/Å or less. The electronic
structure was calculated using tuned Heyd-Scuseria-Ernzerhof (HSE) hybrid functional
calculations and the projector-augmented wave (PAW)116 formalism, as implemented in
VASP,117 a plane-wave density functional code. In HSE hybrid functional, the semi-local
Purdue-Burke-Ernzerhof exchange correlation part of the density functional is mixed with
a Fock-type exchange in varying proportions at short range. In our calculations, the
fraction of exact exchange was kept at a standard 25%, while the exchange range
separation parameter was increased to 0.29 Å-1, corresponding to the exchange
screening length of 6.9 Å. The plane-wave basis sets with an energy cut-off of 250 eV
were used. These parameters were found to reproduce bulk band structure of Ge in
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excellent agreement with experiment and as such, are expected to be consistent for Ge 1xSnx

alloy QDs. Test calculations performed for pure Ge QDs compared with previously

published results obtained using empirical pseudopotential calculations show that the
bandgaps of QDs are accurately reproduced. Excitonic effects were calculated using
time-dependent hybrid functional (TD-HSE) calculations.
4.3 Results and Discussion
4.3.1 Physical Charaterization of Ultra-small GeSn Quantum Dots The growth of
Ge1-xSnx alloys is very challenging due to the lack of a stable bulk phase. 51, 59, 61, 63 In
addition, with variation in Sn composition, the nucleation and growth kinetics have been
shown to drastically change. These changes are a result of differences in the reaction
chemistry and crystallization temperature of the alloy that is being produced.59,

63

Optimizing the synthesis for any specific composition of QDs requires a multivariate
approach, taking into consideration the precursor concentrations, solvent volume, amount
of reducing agent, nucleation and growth temperature and growth time. The synthesis of
ultra-small Ge1-xSnx QDs was carried out at 300 °C similar to a literature method with
changes in the reduction event,13 as detailed above. Moreover, a larger polydispsere set
of Ge1-xSnx QDs (5-20 nm) were also produced when the growth time is extended to 10
min. at 300 °C. The ultra-small QDs with visible PL can be clearly distinguish by a reaction
product of light orange to deep red color.
Powder X-ray diffraction patterns suggest that as-prepared QDs consist of ultrasmall diamond cubic crystals with no detectable Sn impurities (Fig. 4.1A). As the
concentration of Sn increases, a systematic shift of diffraction peaks to lower 2θ angles
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is expected, relative to the diamond cubic phase of Ge.51, 58, 59, 63 However, as the
crystallite size decreases, scattering signal increases and peak broadening dominates
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Figure 4.1. (A) PXRD patterns of Ge1-xSnx QDs a) *=β-Sn, JCPDS # 00-004-0673(b) αSn, JCPDS # 01-086-2266 (c) π=Ge, JCPDS # 01-089-5011 x = (d) 0.018, (e) 0.046, (f)
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0.066, and (g) 0.236. (B) Annealing study performed on Ge 0.764Sn0.0236. a) as-prepared
QDs b) 400 C° c) 500 C° d) 600 C° for 11 hours. ¥ =GeO2, JCPDS # 00-036-1463

much of the diffraction pattern. The broad peaks obscure the expected shift from cubic
Ge Bragg reflections making it difficult to quantify the effects of Sn on lattice expansion.
Such extreme line broadening also causes the peaks corresponding to (220) and (311)
to merge. This is because the combined scattering from each plane is more intense
than the diffraction from the individual Bragg angles. In addition, the incorporation of Sn
can lead to alloy disordering and strain in the lattice, contributing even more to
broadening of Bragg reflections.118
To further elucidate the structure and thermal stability, samples were annealed in
a tube furnace for 11 h at 400, 500 and 600 °C (Figure 4.1B). After sintering, the diamond
cubic structure became evident with progressive crystal growth at higher temperatures.
Between each annealing step, samples were exposed to ambient conditions for PXRD,
resulting in the formation of GeO2 at 500 °C. Further heating to 600 °C resulted in
complete sintering, oxidation and segregation of the Ge1-xSnx QDs into GeO2, tetragonal
Sn, and cubic Ge phases. The lack of segregation below 500 °C suggests significant
thermal stability of Ge1-xSnx QDs consistent with prior reports.59, 63 Prior to annealing, Xray photoelectron spectroscopy (Figure 4.2 and Table 4.1) was employed to study the
oxidation states of Ge and Sn, which suggests that Sn is incorporated before annealing
and not after.
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Figure 4.2. Representative X-ray photoelectron spectra of ultra-small Ge1-xSnx QDs: (A)
x = 0. 018, (B) x = 0.046, (C) x = 0.066. Dotted lines represent spectral data and solid
blue and red lines are fitted deconvolutions and green line is the sum of the fitted peaks.
The XPS spectra of ultra-small Ge1-xSnx QDs are consistent with previous reports.59,
63

The peaks observed in the Ge (3d) spectra at 30.0 eV and 32.5 eV can be assigned to

Ge0 and Ge2+, respectively (Figure 4.2). There is a noted absence of Ge4+ which would
indicate GeO2.59, 63, 119 The relative intensity of the two peaks suggests a large contribution
from the surface of the QDs as is expected for ultra-small QDs with a large surface to
volume ratio. Examination of the Sn (3d) region indicates a similar story, with both core
Sn0 (486.9 eV) and surface Sn4+/2+ (488.8) present in the sample (Figure 4.2).59,63, 119 The
Sn peaks are shifted to higher energies due to surface charging effect commonly
observed in XPS analysis of nanoparticles.59, 104 In combination with XRD, Raman, and
STEM/ EDS maps, the presence of Sn0 confirms that SnCl2 was successfully reduced
and incorporated into the as-prepared Ge1-xSnx QDs with no surface segregation. Both

101

the Sn4+/2+ and Ge2+ peaks are attributed to surface atoms bound to stabilizing ligands,
similar to a previous report.59 The potential presence of SnO2 is ruled out by a lack of a
O (1s) peak at 530.6 eV.119 The O (1s) peaks observed at 531.9 and 534.1 eV are
attributed to adsorbed H2O and CO2 from the atmosphere.
Table 4.2. Elemental composition of ultra-small Ge1-xSnx QDs acquired from energy
dispersive spectroscopy (EDS) and X-ray photoelectron spectroscopy (XPS) analyses.

aSn

Sample

Sn composition from EDSa

Sn composition XPSb

Ge1-xSnx

0.018 ± 0.07

0.0184

Ge1-xSnx

0.046 ± 1.2

0.0479

Ge1-xSnx

0.066 ± 0.5

0.075

Ge1-xSnx

0.236 ± 1.4

N/A

compositions were obtained in terms of atomic % from SEM/EDS, and averaging five

individual measurements per each sample. bSn compositions were obtained from the ratio
of Ge(3d) and Sn(3d) in XPS calculated with atomic sensitivity factors of 0.38 and 4.30,
respectively.119
In addition, Raman spectroscopy was employed to study the vibrational
energies of ultra-small QDs. The Raman shift for Ge-Ge bonds arises at 300 cm-1 and as
the Sn concentration is increased a systematic redshift is expected. 23, 59 This is a result
of the longer Ge-Sn bonds and the heavier Sn atoms. However, the bond vibrations in
Ge also redshift with decreasing particle size in QDs due to phonon confinement. 100 As
such, it is not possible for Raman to distinguish the amount of Sn in Ge1-xSnx QDs.
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Nonetheless, Ge-Sn phonon modes are observed at ~276 cm-1 (Figure 4.3), consistent
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with previous reports on confined Ge and Ge1-xSnx nanostructures.59, 120
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Figure 4.3. Raman spectra of ultra-small Ge1-xSnx QDs (1.85 ± 0.47 - 2.28 ± 0.48 nm)
with varying Sn composition: x = (a) 0.018, (b) 0.066, and (c) 0.236.
To further investigate the crystal structure and size of the QDs, TEM was
employed (Figure 4.4 and Figure 4.5). The bright field TEM images show particles with
sizes ranging from 1.85 ± 0.47 - 2.28 ± 0.48 nm for x = 0.018 to x = 0.236. All four
compositions of Ge1-xSnx QDs exhibit spherical morphology and fairly narrow dispersity
given the significantly small size. Increasing Sn content has been shown to drastically
change the nucleation and growth dynamics of Ge1-xSnx QDs, which makes the
synthetic control challenging.59, 63 Nonetheless, particle size histograms of as-
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synthesized QDs (Figure 4.5) indicate there are narrow size discrepancies within
samples and between QDs with varying Sn concentrations. A few larger QDs (3.0-4.5
nm) are present in the x = 0.046 and x = 0.236 samples, however, their effect on the
optical properties would be minimal due to the low population count.
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Figure 4.4.

Low resolution TEM images of Ge1-xSnx QDs with varying Sn composition

and almost consistent sizes: (A) x = 0.018, 2.28 ± 0.48 nm (B) x = 0.046, 1.76 ± 0.63
nm (C) x = 0.066, 1.85 ± 0.47 nm (D) x = 0.236, 2.01 ± 0.57 nm. (E) High resolution
TEM image of a larger Ge0.87Sn0.13 QD along with STEM/EDS elemental maps of (F)
Ge, (G) Sn, and (H) an overlay of Ge and Sn indicating the homogeneous distribution of
elemental components throughout the QD.
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Figure 4.5 Bright field TEM images of ultra-small Ge1-xSnx QDs with varying Sn
composition: (A) x = 0. 018, (B) x = 0.046, (C) x = 0.066, and (D) x = 0.236. The
corresponding size histograms of Ge1-xSnx QDs without any post-synthetic size selection
are also shown.
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In conjunction with the PXRD and Raman spectroscopy, high-resolution TEM has
been employed to elucidate the structure of Ge1-xSnx QDs. Figure 4.6 and 4.7 hows
discrete QDs oriented with visible lattice spacings of 3.4, 2.1, 1.8 Å, considerably
expanded from those of the (111), (220), (311) planes of diamond cubic Ge: 3.3, 2.0,
1.7 Å, respectively. The systematic lattice expansion of Ge1-xSnx with increasing Sn
content is well documented and has previously been utilized to quantify the alloy
composition in both thin films and QDs.51, 63, 121 Scanning transmission electron
microscopy (STEM) was utilized to acquire elemental maps of Ge1-xSnx QDs. For this
analysis, a larger set of particles were produced (~5-20 nm), by a similar synthetic
strategy,13 due to difficulties in mapping ultra-small QDs. Elemental maps of Ge and Sn
indicate even distributions of both components throughout the alloy lattice (Figure 4.4
and Figures 4.8-4.9). Therefore, combined with the HRTEM, these results suggest that
the as-prepared Ge1-xSnx QDs are homogeneous solid solutions and devoid of
segregated Sn species.
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Figure 4.6. High resolution TEM images of 2.0 ± 0.57 nm Ge0.764Sn0.236 QDs. Visible
lattice fringes are measured at 3.4, 2.1, and 1.8 Å corresponds to expanded (111), (220),
and (311) planes of diamond cubic Ge1-xSnx.
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Figure 4.7. Representative electron diffraction pattern of ultra-small Ge0.934Sn0.066 QDs.
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(

Figure 4.8. (A) Dark field TEM image of a polydisperse mixture of larger Ge0.87Sn0.23 NCs
(5-20 nm) along with STEM/EDS elemental maps of (B)) Ge, (C) Sn, and (D) an overlay
of Ge and Sn indicating the homogeneous distribution of elemental components
throughout the lattice.
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Figure 4.9. (A) Dark filed TEM image of a polydisperse mixture of larger Ge0.87Sn0.23 NCs
(5-20 nm) along with STEM/EDS elemental maps of (B) Ge, (C) Sn, and (D) an overlay
of Ge and Sn indicating the homogeneous distribution of elemental components in this
size regime.
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The small particle sizes achieved for alloy QDs have resulted in strong
confinement effects and exhibit composition tunable absorption and emission in the
visible spectrum. PL spectra indicate that even with strong confinement effects,
increasing the Sn content still produces a pronounced redshift in emission energy
(Figure 4.10.). For Ge1-xSnx QDs with x = 0.046 and x = 0.067, there is negligible
change in the PL spectral position. This can be attributed to a few different factors. First,
a crystal with ~2 nm diameter consists of only a few hundred atoms. This means that for
a 2% difference in composition only ~5-10 atoms are substituted in the entire
nanocrystal. Combined with variation in the distribution of Sn atoms within the crystal,
only a small change in energy gap may result for ultra-small QDs. This is also confirmed
by theoretical calculations, which show that the alloying effect becomes less
pronounced for smaller QDs (Table 4.2). Nonetheless, there is a clear redshift for Ge1xSnx

QDs of x = 0.018 to x= 0.236 with PL maximum shifting from 2.00 to 1.72 eV (620-

720 nm) consistent with expected Sn alloying effects. PL quantum yield (QY) were
measured with respect to Rhodamine 101 and indicate values form ~0.8-1.1 %.
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Figure 4.10. Solid-state (A) photoluminescence and (B) absorption spectra of Ge 1-xSnx
QDs with varying Sn composition. Absorption onsets were obtained from intersects of the
dashed lines.
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Table 4.2. Theoretical energy gaps calculated for different sizes and compositions of Ge1-xSnx
QDs along with experimental composition analysis, absorption onsets, and PL peak maxima.
Theory
Sn content
(x)

2.1 nm QDs
energy gap
(eV)a

2.7 nm QDs
energy gap
(eV)a

0.00

2.52

2.01

0.05

2.50

1.96

0.10

2.48

1.86

0.20

2.36

1.79

Experimental

aTheoretical

Sn content
(x)b

Absorption
onset (eV)c

PL peak
(eV)

0.018 ± 0.07

2.05

2.00

0.046 ± 1.2

2.16

1.80

0.066 ± 0.5

1.96

1.86

0.236 ± 1.4

1.56

1.72

energy gaps were obtained using tuned HSE hybrid functional. bSEM/EDS was

employed to determine the elemental compositions. cAbsorption onsets were determined from
intersection of baseline with the first major increase in absorption.

For comparison, diffuse reflectance spectroscopy was employed to measure the
absorption onsets of alloy QDs. The reflectance data were converted to pseudoabsorption using the Kubelka-Munk remission function.72 The absorption onsets (Figure
4.9B) are greatly blue shifted from those of larger Ge1-xSnx QDs (1.29-0.40 eV) that
have been previously reported with similar compositions (x = 0.0-0.42).59, 63 A clear
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redshift is notable in the x = 0.236 sample while the other compositions all have similar
onsets. Further, the absorption onsets are in close agreement with the PL peak
maxima, suggesting that the emission results from fundamental energy gap transitions.
It is important to note that this is the first report demonstrating Ge1-xSnx QDs with visible
spectral range absorption and PL properties. Hence, to further confirm the results,
theoretical calculations of electronic and optical properties were performed. In this
study, diamond cubic Ge1-xSnx QDs with diameters of 2.1 and 2.7 nm, passivated with
hydrogen atoms, were considered. In calculated Ge1-xSnx QD alloys, Ge atoms were
randomly replaced with Sn, and equilibrium geometries were obtained by relaxing the
structures within local density approximation122 to the density functional theory.
Subsequent electronic structure calculations were performed using Heyd-ScuseriaErnzerhof (HSE) hybrid functional,123 with exact exchange separation parameter tuned
to accurately reproduce bulk Ge band structure. HSE calculations show a systematic
decrease of the energy gap with increasing Sn concentration. However, the theoretical
energy gaps for 2.1 nm QDs are ~0.5 eV higher than those observed experimentally,
although the general trends of gap evolution with Sn concentration are in agreement
(Table 4.2). Furthermore, the experimental absorption/PL energies are in close
agreement with the HSE calculations for 2.7 nm Ge1-xSnx QDs (Table 4.2 and Figure
4.11). This can be a result of sample polydispersity, where recombination in smaller
QDs is mainly governed by the non-radiative surface states and therefore the larger
QDs dominate the emission. There is also a possibility that experimental and theoretical
approaches in determining the QD size have some disparity. Nonetheless, all results
point to the Ge1-xSnx QDs having quantum confinement induced visible orange-red PL.
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Figure 4.11. Theoretical energy gaps of 2.1 nm and 2.7 nm Ge1-xSnx QDs with varying
Sn composition calculated using tuned Heyd-Scuseria-Ernzerhof hybrid functional
calculations.
4.4

Conclusions
In summary, we have produced ultra-small Ge1-xSnx QDs as homogeneous solid

solutions with Sn content up to x=0.236. The resultant QDs display composition tunable
visible, orange-red emission. The structure of the QDs has been confirmed as diamond
cubic Ge1-xSnx by PXRD and post-synthetic annealing studies whereas the Raman
spectroscopy, HRTEM, and STEM data support the homogeneous solid solution
behavior. Composition dependent photoluminescence (1.72-2.05 eV) and absorption
(1.55-2.16 eV) energies are in agreement with theoretical energy gap calculations
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performed with HSE hybrid functional. In this study, we have successfully expanded the
optical window of Ge1-xSnx alloys into the visible spectrum allowing for applications in bio
imaging, chemical sensing and LEDs. Further as a Group IV QD system Ge 1-xSnx QDs
have an advantage over other non-toxic QDs due to being more suitable for monolithic
integration into existing Si-based technologies.
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CHAPTER 5
Energy Gap Tuning and Carrier Dynamics in
Colloidal Ge1−xSnx Quantum Dots
5.1

Introduction
Germanium is widely used as an infra-red (IR) optical material in photodetectors,

thermal imaging cameras, phosphors, and light emitting diodes.124-126 However, the major
limitation for efficient use of Ge in optical/optoelectronic applications is its indirect
bandgap, which requires phonons for optical transitions. It has been shown that the band
structure of Ge can be modified by alloying with Sn to reduce the energy difference of first
direct and indirect transitions, and beyond a certain Sn concentration (6 − 20%,
depending on the strain) an indirect-to-direct bandgap crossover is expected.127-130
Ge1−xSnx alloy has therefore attracted significant interest for the next generation of Sicompatible electronic and photonic devices. However, incorporation of Sn (bandgap, E g
= 0.08 eV) dramatically reduces the fundamental energy gap of Ge 1−xSnx alloy deep into
the mid infrared (0.35 ‒ 0.80 eV for x = 0.15 ‒ 0.00), limiting its potential in visible to near
infrared (NIR) optoelectronics. To extend the potential spectral range, quantum
confinement effects have been utilized to produce Ge 1−xSnx alloy nanostructures.
Quantum dots (QDs)59, 63 and nanowires (NWs)58, 60 have been demonstrated both at
weakly confined and somewhat strongly confined regimes that promote wider energy
gaps, in addition to enhancing the optical efficiency.61
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Thin films of Ge1−xSnx alloy produced via chemical vapor deposition and molecular
beam epitaxy are well-studied and exhibit composition-tunable energy gaps in the mid-IR
region.14, 23, 37 However, growth of homogeneous Ge1−xSnx thin films is challenging due to
the emergence of phase segregation in high temperature syntheses, inherent poor
crystallinity, and high density of defects created with low temperature synthesis.33, 131 In
contrast, colloidal synthesis is a low-cost alternative approach to attain high quality,
solution-processable Ge1−xSnx QDs without phase segregation of Sn while tuning the
energy gaps through variation of size and/or composition.59, 63 The synthesis of phasepure Ge1−xSnx nanocrystals (NCs) with sizes in the range of 15 − 23 nm and 3.4 − 4.6 nm
with up to x = 0.279 and gap energies of 1.29 − 0.75 eV have been recently
demonstrated.59 Moreover, larger Ge1−xSnx NCs (9 − 12 nm) with tunable energy gaps in
the near-to-mid IR region (1.04 − 0.41 eV) have also been reported.63 However, no study
has so far produced small enough Ge1−xSnx QDs with visible photoluminescence (PL). In
this work, we report the first systematic study of optical transition energies and carrier
dynamics at room and cryogenic temperatures in colloidally synthesized ultra-small
Ge1−xSnx QDs (~2.0 ± 0.8 nm) as a function of Sn concentration (x = 0.055 − 0.236) by
employing steady-state and time-resolved PL spectroscopy and ab initio calculations.
5.2

Experimental Methods

5.2.1 Materials:
Tin dichloride (>99.9985 % Ultra-Dry) and Germanium diiodide (99.99+ %) were
purchased from Alfa Aesar and Strem Chemicals, respectively and stored in a N 2 glove
box. Oleylamine (OLA, 80-90%) and 1-octadecene (ODE, 90%), were purchased from
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Fisher Scientific. N-butyllithium (BuLi) 1.6 M in hexane was purchased from Sigma
Aldrich. ACS grade solvents such as methanol, carbon tetrachloride, and toluene were
purchased from Acros. ODE and OLA were dried by heating at 120 °C under vacuum for
one hour prior to storage in a N2 glovebox. Methanol and toluene were distilled prior to
use after drying with molecular sieves and Na, respectively. Carbon tetrachloride was
degassed by bubbling N2 through it and was stored under inert conditions.

5.2.2 Synthesis of Ultra-small Ge1−xSnx QDs:
A wet-colloidal strategy was used to produce Ge1−xSnx QDs with a diameter of 1.52.2 nm and Sn compositions of x = 0.055, 0.071, 0.125, and 0.236. Details of the synthesis
procedures have been discussed elsewhere,59 with the major change in procedure being
the varied concentration of the reducing agent. Briefly, the appropriate molar ratios of GeI 2
and SnCl2 (0.6 mmol total) and 20 mL of oleylamine were loaded into a three neck round
bottom flask under air-free conditions. This mixture was stirred and degassed for ~8 min
while heating to 115 °C then heated to 230 °C (~10 °C/min) prior to injection of the
reducing agent. The reducing agent used was n-butyllithium (BuLi) diluted in 3 mL of 1octadecene and the amount of BuLi used varied from 0.5-0.9 equivalents of the precursor
halide concentration. After injection, the temperature was ramped to 300 °C at a rate of
~6 °C/ min, before being cooled by compressed air (~5 min). Resultant QDs were isolated
by a mixture of toluene ~5−10 mL followed by methanol ~60−90 mL, and purified by
dispersing in toluene and precipitating with methanol twice.
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5.2.3 Synthesis of larger Ge1−xSnx particles:
For STEM/EDS analysis, a set of larger, polydisperse Ge 1−xSnx QDs (5-20 nm)
were produced using a similar synthetic procedure. To ensure a good comparison can be
made between larger and the ultra-small QDs all parameters were kept constant except
the growth time at 300 ºC. After all initial heating, nucleation and growth stages, the
resultant Ge1−xSnx nuclei were grown at 300 °C for 10 min to produce Ge1−xSnx QDs with
sizes ranging from 5-20 nm.
5.2.4 Characterization:
For optical measurements, QD samples dispersed in carbon tetrachloride were
spin-coated on sapphire or silicon substrates and mounted on a closed cycle He cryostat.
Steady-state PL and TRPL measurements were performed using a frequency doubled
Ti:sapphire laser (385 nm wavelength, 150 fs pulse width, 8 kHz to 80 MHz repetition
rate) as the excitation source. A liquid N2 cooled charge coupled device (CCD) camera
connected to a spectrometer was employed to collect the steady-state PL spectra, and a
Hamamatsu streak camera with 25 ps temporal resolution was used to analyze the PL
transients. Hitachi FE-SEM Su-70 model scanning electron microscope operating at 20
keV, coupled with an in situ EDAX energy dispersive x-ray spectroscopy detector unit was
employed for the elemental analysis. TEM images were collected on a Zeiss Libra 120
model microscope operating at 120 kV. STEM images were recorded on a FEI Titan 8300
microscope equipped with a Gatan 794 multiscan camera operating at 300 kV. Samples
for TEM analysis were prepared by drop casting the QDs in CCl4 onto carbon coated
copper grids, followed by evaporation of the solvent. Powder X-ray diffraction
measurements were performed with a PANalytical X’Pert PRO X-Ray diffractometer
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calibrated with Si standard and equipped with a Cu Kα anode (κα= 1.54 Å). Purified QDs
were deposited on to a low background sample holder and diffraction patterns were
collected at 45 kV and 40 mA operating conditions.
5.2.4 Computational calculations:
Calculations of the energy gaps and optical properties were performed using several
levels of theory. Alloy QD supercells were created using ideal bulk Ge bond lengths. QD
diameters were varied from 1.4 nm to 2.7 nm, with dangling bonds passivated by
hydrogen. The lattice relaxation method was used within local/semilocal approximation of
the density functional theory (DFT), since lattice properties are usually reproduced by
either local density approximation (LDA) or generalized gradient approximation (GGA)
reasonably well. It has been shown in the literature, and confirmed by our calculations,
that GGA relaxation of bulk Ge using some parameterizations of GGA (for example, a
widely-used Purdue-Burke-Ernzerhof)115 yields overestimated lattice constants of both
Ge and Sn. This leads to the lattice structure of Ge with a PBE computed direct band gap
at the -point, instead of experimentally observed indirect bandgap with conduction band
minimum at L-point. On the other hand, LDA122 underestimates the lattice constants very
slightly, and yields the structure corresponding to the correct indirect band gap. Therefore,
lattice relaxations were performed using LDA approximation to the DFT, with forces
minimized to 0.05 eV/Å or less. In order to correctly reproduce the electronic levels of
alloy QDs, we used tuned Heyd-Scuseria-Ernzerhof (HSE) hybrid functional
calculations.123 In HSE hybrid functional, the PBE exchange correlation part of the density
functional is mixed with a Fock-type exchange in varying proportions at short range. In
our calculations, the fraction of exact exchange was kept at a standard 25%, while the
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exchange range separation parameter was increased to 0.29 Å-1, corresponding to the
exchange screening length of 6.9 Å. These parameters were found to reproduce bulk
band structure of Ge in excellent agreement with experiment. Using time-dependent
hybrid functional calculations (TD-HSE), following Ref. 132, based on the tuned hybrid
HSE functional, the optical and excitonic properties were calculated for smallest alloy QDs
(1.4 nm). The trends in these properties are not expected to depend on size within the
range of sizes explored here. The PL lifetimes were determined by thermal averaging of
the radiative transition rates obtained from the oscillator strengths computed from TDHSE. All calculations were performed using Vienna ab initio simulation package (VASP)117
with projector augmented plane-wave (PAW)116 method to describe core electrons.
5.3

Results and Discussion.
Four Ge1−xSnx QD samples with varying Sn content (x = 0.055, 0.071, 0.125, and

0.236) were produced by high temperature co-reduction of halides in high boiling alkyl
amine/alkene solvents. Transmission electron microscopy (TEM) images of QDs (Figure
5.1) without post-synthetic size selection indicate nearly spherical morphology and narrow
size dispersity with average sizes of 1.9 ± 0.4 nm, 1.5 ± 0.3 nm, 2.2 ± 0.6 nm, and 2.0 ±
0.6 nm in Ge1−xSnx QDs with x = 0.055, 0.071, 0.125, and 0.236, respectively. The x-ray
diffraction patterns of QDs are consistent with the presence of diamond cubic phase
typically reported for Ge1−xSnx alloy thin films and NCs (Figure 5.2). Significant
broadening of Bragg reflections is consistent with the growth of ultra-small QDs. Scanning
transmission electron microscopy (STEM) data support the growth of homogeneous
Ge1−xSnx alloys with Ge and Sn randomly distributed in the alloy lattice (Figure 5.3-5.4).
For STEM analysis, slightly larger (~5 − 20 nm) set of QDs were produced using a similar
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strategy, because of the difficulty of mapping ultra-small Ge1−xSnx QDs. It should be noted
that the formation of homogeneous Ge1−xSnx alloys observed for larger particles (~5 − 20
nm) is presumed to be true for smaller particles. This conclusion is based on the similar
synthesis strategy used for production of larger and smaller QDs (longer growth time for
larger particles) and the high tendency of Sn to continuously segregate and form
heterostructures (cubic Ge and tetragonal β-Sn) at longer growth times. It is expected
that if at any point during growth Sn segregation occurs, the formation of a homogenous
final product would be extremely unlikely. Moreover, structural analysis of ultra-small
Ge1−xSnx QDs (Figure 5.2) provides no evidence of heterogeneous nucleation or Sn
segregation further supporting the growth of homogeneous alloys.
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Figure 5.1. Bright field TEM images of Ge1-xSnx QDs with (a) x = 0. 055, (b) x = 0.071, (c)
x = 0.125, and (d) x = 0.236. The corresponding size histograms of Ge 1-xSnx QDs without
any post-synthetic size selection are also shown.
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Figure 5.2. Representative Powder X-ray diffraction patterns of ultra-small (A)

Ge0.945Sn0.055 QDs (B) Ge0.929Sn0.071 QDs, (C) Ge0.875Sn0.125 and (D) larger (4-20 nm)
polydispersity Ge0.87Sn0.13 particles produced using a similar synthetic strategy, with Ge,
JCPDS File No. 01-089-5011.
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Figure 5.3. (A) High resolution TEM image of a Ge0.87Sn0.13 QD (~20 nm) along with
STEM/EDS elemental maps of (B) Ge, (C) Sn, and (D) an overlay of Ge and Sn
indicating the homogeneous distribution of elemental components throughout the lattice.
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Figure 5.4. (A) High resolution TEM image of a Ge0.87Sn0.13 QD (~5 nm) along with
STEM/EDS elemental maps of (B) Ge, (C) Sn, and (D) an overlay of Ge and Sn
indicating the homogeneous distribution of elemental components throughout the lattice.
Figure 5.5(a) shows the steady-state PL spectra of ultra-small Ge1−xSnx QDs
measured at 15 K. The PL peaks exhibit a red-shift from 1.88 eV for x = 0.055 to 1.61 eV
for x = 0.236. As these alloy QDs have the same shape (nearly spherical) and average
particle size (Figure 5.1), the systematic red-shift in PL can be attributed to the decrease
in energy gaps due to increasing Sn content, consistent with alloying effects. Moreover,
strong quantum confinement effects are evident in this ultra-small size regime as the gap
energies are well above those of their thin film counterparts (~0.35 ‒ 0.80 eV for x = 0.15
‒ 0.00).15
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Figure 5.5. (a) PL spectra of Ge1−xSnx QDs with varying Sn content at 15 K, (b)
experimental (PL peak) and theoretical energy gaps as a function of Sn concentration in
2.1 nm and 2.7 nm QDs. Inset shows the size histogram of Ge0.77Sn0.23 QD sample,
representative of QDs with different Sn compositions, obtained from TEM analysis with
no post-synthetic size selection.
The PL peak position, both at 15 K and 295 K, as a function of Sn content is plotted
in Figure 4.5(b) along with the theoretical energy gaps calculated using tuned HSE hybrid
functional for 2.1 and 2.7 nm Ge1−xSnx QDs. It is evident that the experimentally obtained
energy gaps are consistent with theoretically calculated values for 2.7 nm QDs even
though the TEM data revealed an average size of 2.0 ± 0.8 nm. This deviation can be
attributed to size variation within an experimental sample, where the PL is dominated by
emission from the larger QDs because of their better surface passivation by ligands
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resulting in reduced non-radiative decay pathways. For smaller QDs, the long carbon
chain and the bent structure of the surfactant (oleylamine, OLA) would become more
detrimental to ligand packing, leading to reduced surface passivation due to steric
hindrance of neighboring surfactant ligands. This discrepancy can also be attributed to
differences of theoretical and experimental size estimations, which is previously observed
in Group IV QDs.133 With increasing excitation density from 40 mWcm -2 to 40 Wcm-2, PL
peaks at 15 K were observed to blue shift by 14 − 19 meV. In contrast, Wen et al.134
reported blue shifts of 20 and 120 meV in Si QDs of sizes 2.5 and 3.8 nm, respectively
when the excitation density was increased by three orders of magnitude at room
temperature. They explained their observation using the Y-band theory which is compared
with our proposed model below. The larger shift in 3.8 nm QDs was ascribed to quantum
confinement effects and the saturation of lower energy core states. However, the smaller
shift in 2.5 nm QDs, where quantum confinement should be even stronger, was attributed
to the dominance of luminescence from surface states, which could not be fully saturated.
As discussed in detail below, our experimental and theoretical data suggest that the small
blue shifts observed for Ge1−xSnx QDs with increasing excitation density at 15 K are most
likely due to emission from higher energy surface states, the depth of which increases
with Sn content, as well as the higher energy excitons in the QD core.
As shown in Figure 5.5(b), for all the samples PL peaks at room temperature are blue
shifted compared to those at 15 K. One of the reasons for this temperature dependence
can be the exchange splitting between dark and bright exciton states. An exciton in which
the electron and the hole spins are parallel (s = 1) forms an optically inactive triplet state,
referred to as the dark exciton. Since in this case the optical transition is spin-forbidden,
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it is characterized by a long decay time.135 In contrast, a singlet s = 0 exciton state,
referred to as the bright exciton, is formed if spins of the electron and the hole are
antiparallel. This state is optically active and has a short life time. Calculations show that
at low temperatures and in the absence of surface traps, excitons in the QDs occupy the
lower-energy dark states and PL emission originates from these states. As the
temperature increases, thermal activation of higher energy bright excitons takes place
and consequently PL emission blue-shifts. Due to the electron-hole exchange interaction,
these dark and bright exciton states are separated by an energy Δdb, which can be several
meV to several tens of meV depending on the material system as well as on the size of
QDs.136 In case of 2.7 nm diameter QDs, Δdb has been reported to be 15, 20, 25, and 40
meV in CdSe, Si, CdTe, and GaAs QDs respectively.137-140 Our calculations for the GeSn
alloy QDs predict that in 2.7 nm dots this splitting is roughly 20 − 30 meV. Furthermore,
calculations also suggest that this dark-bright exciton splitting should decrease from ~30
to ~20 meV with Sn concentration increasing from zero to 20%. However, the
experimentally observed shift between the room temperature and low temperature PL
peaks increases from 35 meV in Ge1−xSnx QDs with x = 0.055 to 110 meV in Ge1−xSnx
QDs for x = 0.236 Sn. These values are significantly larger than those suggested by
calculations as well as those reported in the literature. Moreover, the trend of increasing
difference in PL peaks at 15 K and 295 K with increasing Sn content is inconsistent with
the theoretical predictions. The temperature shifts of PL peaks can therefore be explained
by the surface traps, which are likely to be present due to incomplete passivation by the
ligands. This would suggest that low temperature PL includes contributions from the
surface traps as well as the slowly decaying dark excitons. Unpassivated sites and
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surface defects create localized states at the surface, with energy levels within the gap.
As a result of thermalization of the photoexcited carriers, the electron (or the hole, or both)
can be trapped at such a surface state, with subsequent radiative recombination with a
hole in the HOMO (or electron in the LUMO). Such a spatially separated electron hole
pair, at low temperature, could recombine radiatively with a long lifetime and PL energy
below the gap. With increasing temperature, the electron (or hole) trapped at the surface
can be thermally ejected into the LUMO (or HOMO), with subsequent HOMO-LUMO
radiative recombination. Therefore, the blue shift with temperature, particularly for the
Ge1−xSnx QDs with x = 0.236 (~110 meV) where the increased alloy disorder can
potentially create high density of deeper traps, might mainly be due to detrapping from
surface states. From the temperature dependent shifts in PL peaks [Figure 5.5(b)], it is
evident that the surface trap depth increases with increasing Sn content. It should also
be noted that the observed 14 − 19 meV blue shift with increasing excitation density (by
three orders of magnitude) at 15 K can be attributed to the saturation of deeper surface
traps, which results in emission from shallower surface states.
In order to reveal the dynamics involving different recombination processes of nonequilibrium carriers, time-resolved PL spectroscopy was employed. PL transients
measured at 15 K are shown in Figure 5.6. All samples exhibit biexponential PL decays,
where the fast decays are most likely associated with surface recombination (radiative
component) and slow decays are due to radiative recombination of dark excitons in the
QD cores. In QDs containing surface defects, carrier trapping is usually significantly faster
than radiative recombination in the core which leads to this two-component PL decay.133
The surface state radiative recombination lifetimes derived from our calculations are on
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the order of 1 s in ~2 nm Ge1−xSnx alloy QDs, consistent with the fast decays in Figure
5.6, and are practically independent of temperature.
A biexponential decay function Afast e
where time constants  fast and

 t / fast

 Aslowe  t / slow was used to fit the PL transients,

 slow represent the fast and the slow decay components,

respectively. As shown in Figure 5.7(a) and Table 5.1,

 slow (~ 24 μs) and 

fast

(~ 4 μs) at

15 K are practically independent of the Sn content for up to x = 0.125, but decrease
significantly to 3 μs and 0.5 μs, respectively, for x = 0.236, consistent with the expected
higher density and deeper surface traps due to increased alloy disorder.
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Figure 5.6. PL transients of the Ge1-xSnx QD samples of different Sn composition at 15
K.
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Figure 5.7. PL decay times measured at (a) 15 K and (b) 295 K as a function of %Sn in
Ge1−xSnx QDs. Fast decay components are shown in the insets of (a) and (b).
Table 5.1 Decay times and amplitude ratios obtained from biexponential fits to PL
transients at 15 K and 295 K.
Sn
content

15 K

295 K

τfast (μs)

τslow (μs)

Afast / Aslow

τfast (ns)

τslow (ns)

Afast / Aslow

0.055

4.7±0.2

25.2±1.0

1.3

0.9±0.03

12.7±0.4

5.4

0.071

4.5±0.2

26.6±1.3

1.5

0.9±0.2

8.6±0.3

3.1

0.125

4.1±0.1

23.2±0.5

1.6

1.3±0.02

9.0±0.3

2.8

0.236

0.5±0.02

2.7±0.13

2.0

2.6±0.1

28.4±1.4

1.8

(x)a

a Sn

content determined from energy dispersive spectroscopy, averaging 5 individually

measured points.
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Our calculations suggest that in colloidal Ge1−xSnx QDs, possible interplay between
surface state localized carriers and dark-bright exciton splitting is responsible for the
observed optical response. Time-dependent HSE calculations indicate that dark excitons
should have a lifetime of ~1 − 10 μs at x = 0, i.e. for phase pure Ge QDs, followed by
roughly an order of magnitude drop for x = 0.05 and nearly no change for higher Sn
concentrations. However, as discussed above, the PL peak shifts with temperature
suggest a significant contribution from surface traps. Therefore, at low temperatures, long
biexponential decays suggest that carriers could be localized at the surface, with small
overlap between the wavefunctions.141, 142 The slow surface recombination of localized
carriers could explain the fact that until concentrations of Sn reach x = 0.236, there is
almost no change in PL lifetime. Calculations also suggest that alloying with Sn smears
the separation between dark and bright excitons in Ge1−xSnx alloy QDs, introducing
excitons with increasing optical oscillator strength with increasing Sn content. This
combination of surface trap emission and exciton recombination in the core of QD would
lead to averaged decrease in PL lifetimes of excitonic transitions, revealed at high Sn
concentrations.
PL decay times were found to be much faster at room temperature. As shown in Figure
5.7b),  slow is around 10 ns for QDs with x up to 0.125 and 28 ns for x = 0.236. This
dramatic decrease of three orders of magnitude in decay times with increasing
temperature is most likely a result of thermal activation of singlet bright exciton transitions,
while the PL decay at 15 K is dominated by slow recombination of spin-forbidden triplet
dark excitons and recombination of carriers localized at surface traps. From our
calculations, the recombination of carriers localized on deep surface traps is found to be
134

independent of temperature when lattice vibrations are neglected. In experiment, this
recombination is likely somewhat dependent on temperature, since at higher
temperatures overlap between the surface state and the core carrier wavefunctions
significantly increases due to the increased thermal vibrations. However, this dependence
is not as dramatic as the lifetime difference between dark and bright exciton
recombination. Therefore, room temperature PL is likely dominated by the bright exciton
recombination in the core of the QD. This dark-bright exciton splitting induced change in
PL decay times with increasing temperature is consistent with the steady-state PL results
discussed above and has also been observed in colloidal QDs of PbSe, CdSe, and Ge.76,
133, 143

According to our calculations, room temperature lifetimes for radiative transitions,

which are dominated by bright excitons, have almost no dependence on Sn concentration
(only very weakly decreasing with Sn), and are around 10 − 20 ns.
To explore the origin of the fast decaying component (τfast) at room temperature, we
investigated the temporal dependence of PL spectra (Figure 5.8), which revealed the
existence of a very short lived (<1 ns) emission (at 2.2 − 2.3 eV during the first 1 ns time
window) possibly originating from higher energy bright excitonic states. This emission
cannot be observed in the spectra recorded at times longer than 2 ns, therefore, leading
to the fast component in PL transients. It is also not observed in the steady-state PL
spectra because its integrated intensity is much weaker than the longer-lived emission
from the lowest energy bright exciton states. Furthermore, no such short-lived PL peak
was observed in low temperature PL spectra collected at different time delays.
PL decays at room temperature are also strongly affected by non-radiative surface
recombination as evidenced by the much weaker intensities compared to those at 15 K.
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The ratios of time and spectrally integrated PL intensity at 295 K to that at 15 K for all the
QDs samples were found to be <10%, providing an upper limit for the quantum yield. At
15 K, surface traps are at least in part radiative as suggested by the lower energy
emission compared to room temperature. However, nonradiative channels most likely
become accessible at room temperature as the trapped carriers can overcome the
associated energy barrier via thermal excitation. The fast recombination component at
295 K, might therefore, have contributions from the nonradiative decay through surface
traps. In summary, carrier relaxation pathways at 15 K include primarily non-radiative and
radiative recombination at the surface traps. At 295 K, carrier de-trapping from the surface
and activation of bright exciton recombination take place, with non-radiative surface
recombination being dominant.
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Figure 5.8. Temporal dependence of room temperature PL spectra (along with their
corresponding Gaussian fitting) for Ge1−xSnx QD samples with (a) x = 0.055 and (b)
0.071. Other QD samples exhibit similar behavior.
Figure 5.9 summarizes the PL mechanisms identified in ultra-small Ge1−xSnx alloy
QDs. The discrete excitonic states in the core of the QD (on the left) are adjacent to the
surface states, i.e. shallow electron traps and hole traps with densities of states N(E)
below the excitonic transitions. The theoretically estimated dark-bright exciton splitting is
20 meV. Experimentally measured blue shift of the PL peak with temperature suggests
that the shallow electron traps are at 35-110 meV below the band edge. At low
temperature, following the above the gap excitation, the lowest energy excitonic state
for the electron-hole pair is the neutral dark exciton X 0D . In addition, the electron and
hole can be trapped at the localized spatially separated electron and hole traps. In both
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cases the radiative recombination has low probability, resulting in the long low
temperature lifetimes. At room temperature, bright exciton recombination leads to
significantly shorter lifetimes. Surface state radiative recombination also occurs faster;
however, this effect is less pronounced compared to switching on the bright excitons
and due to detrapping. With the admixing of Sn to Ge1−xSnx quantum dots, the radiative
lifetime is expected to decrease, due to the introduction of dark-bright exciton mixing
and effective reduction of electron-hole exchange splitting.

Figure 5.9. Schematic diagram of the radiative recombination pathways in Ge1−xSnx alloy
QDs.
According to the Y-band theory, it is not possible to tune the emission energy in Si
QDs beyond 2.1 eV, which corresponds to the energy of the yellow emission band, by
decreasing the size of the QDs.134 We have not observed any evidence for the emission
energy tunability limit due to presence of high energy surface states (so-called Y-band in
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the case of Si QDs) with reduction of the size of QDs. Instead, the surface states we have
reported are at energies lower than those corresponding to the bright exciton states in the
QD cores, and both energies can be tuned by changing the Sn content. However, we do
not rule out any similarities between the two models, and further studies with different
sizes of QDs are required for a better comparison.
5.4

Conclusions
In conclusion, we reported, for the first time, on the tunability of energy gap and carrier

dynamics in colloidally synthesized 2.0 ± 0.8 nm Ge1−xSnx QDs (x = 0.055 − 0.236) having
visible luminescence and developed a model for their radiative recombination pathways.
Energy gaps at 15 K, as deduced from steady-state PL measurements, were confirmed
to reach the visible spectral range, varying from 1.88 eV to 1.61 eV by changing Sn
content from x = 0.055 to x = 0.236, respectively. Taking the size and compositional
variation of these QDs into account, experimental energy gap values were fairly
consistent with theoretically calculated ones. PL decay times were found to be 3 − 27 μs
at 15 K due to the slow recombination of spin-forbidden dark excitons and recombination
of carriers trapped at surface states. They dramatically decreased to 9 − 28 ns at room
temperature owing to the thermal activation of spin-allowed bright excitons and carrier
de-trapping from surface states.
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CHAPTER 6
CONCLUSIONS AND PROSPECTUS
The content of this dissertation has successfully laid the appropriate groundwork
for the motivation behind pursing the development of Ge 1-xSnx nanocrystals, set defined
goals for the development of a synthetic method (Goal 1), exploration of size dependent
optical properties (Goal 1 and Goal 2), and advanced spectroscopic studies to guide
future device development (Goal 3). Each of these three goals has been achieved
thoroughly and explored in detail.
The development of a colloidal synthesis for Ge1-xSnx nanocrystals was
previously unexplored, despite the high potential of Ge1-xSnx alloys in optoelectronic
applications. The method reported herein is the first to successfully gain control over a
wide range of sizes and compositions without any undesired side products. This was
accomplished by co-reduction of metal-salts (GeI2 and SnCl2) through a hot injection of
a strong reducing agent (n-butyllithium) in a strongly coordinating solvent (oleylamine).
While hot-injection methods are well known for the production of high quality
semiconducting nanocrystals, the inherent instability of Ge 1-xSnx as a bulk system and
preferential growth of β-Sn over α-Sn at high temperature introduces many complicating
factors. As such, fine control over the nucleation stage was found to be of the utmost
importance in preventing the separate growth of Ge and Sn nuclei. Heterostructure
nucleation was eliminated by limiting the ability of Sn to self-nucleate with a two-fold
strategy. First a relatively large volume of solvent was utilized (10-20 mL), minimizing
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the chance of Sn-Sn collisions. The second was by determining a nucleation
temperature (210-230 °C) that would destabilize any Sn nuclei that might still form while
still allowing Ge1-xSnx alloy nuclei to coalesce. Growth of size, shape, and composition
controlled Ge1-xSnx alloy nanocrystals permitted in-depth studies into structure-property
relationships.
Three different size sets of homogeneous Ge1-xSnx nanocrystals were studied.
The largest set, 15-23 nm, played a crucial role in understanding the nucleation and
growth stages of the synthesis. At this size range composition control was realized up to
28% Sn content, demonstrating systematic lattice expansion key to altering the energy
gap. XPS analysis indicates proportional amounts of Ge and Sn both on the surface and
in the core of the nanocrystals. Deconvolution of the Ge (3d) and Sn (3d) suggests
multiple bonding modes of surface atoms related to metal-amine and metal-akyl bonds.
Elemental line scans and maps acquired through STEM-EDS confirmed a
homogeneous distribution of Ge and Sn throughout the nanocrystals supporting the
XRD and XPS results. Diffuse reflectance measurements confirmed the reduction in
energy gap in Ge1-xSnx nanocrystals (0.26 eV @ 28% Sn) with respect to pure Ge (0.67
eV) suggesting minimal to no quantum confinement in 15-23 nm size regime.
To induce significant confinement effects, it was necessary to study even
smaller Ge1-xSnx nanocrystals. Ge1-xSnx nanocrystals in the range of 3.4 - 4.6 nm were
prepared with compositions ranging from 0-12% Sn. Cubic alloy structure was
confirmed with XRD and narrow size distribution determined through TEM. Both solution
and solid state absorption spectra show a significant increase in energy gap with
respect to that of pure bulk Ge. Full analysis of the energy-gaps revealed that even in
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the confinement size regime, the effect of Sn alloying still caused pronounced red
shifting of absorption onset. Gap energies of the 3.4 - 4.6 nm nanocrystals (0.75-1.29
eV for 0- 9 %Sn) were determined by Kubelka-Munk converted diffuse reflectance.
Further analysis was performed by applying the Tauc equations for both direct and
indirect bandgaps resulting in energy gaps of 0.95-1.4eV and 0.75-1.31eV, respectively.
Tauc analysis is not truly appropriate for determining between indirect and direct
bandgaps, especially in the case of quantized energy levels in quantum confined
nanocrystals. However, an interesting cross over is noted from the indirect equation
predicting lower energy gaps from 0-5.6 %Sn to the direct gap equation predicting lower
gaps when the composition exceeded 7.7 %Sn. The significance of this trend change is
that, even if just coincidental, it occurs in at the same composition range that theoretical
and experimental studies on Ge1-xSnx alloy thin films undergo a transition from indirect
to direct bandgap. Unfortunately, little success was made in determining the
luminescent properties of the 3.4-4.6 nm Ge1-xSnx nanocrystals. This can be attributed
to a combination of low success rates of luminescence and fairly low quantum yields.
To further explore the effects of quantum confinement an even smaller set of
Ge1-xSnx nanocrystals was produced. Narrowly dispersed ultra-small Ge1-xSnx
nanocrystals (1.5-2.2 nm) with compositions in the range of 1.8-23 %Sn, exhibiting
absorption and emission in the visible region for the first-time. Kubelka-Munk analysis
predicted energy gaps of 2.16-1.5 eV (x = 0.018-0.23), however Sn induced red-shifting
was only seen in the nanocrystals with 23 %Sn by this method. Photoluminescence is a
far more reliable method to determine energy-gaps and indicate that there is still
systematic red-shifting even in such a strong confinement region. The PL
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measurements indicate gaps of 1.72-2.05 eV for x = 0.018-0.23 at room temperature
with incremental red-shifting as Sn concentration increases. These measurements were
in close agreement with energy-gaps calculated through theoretical calculations. To
better understand the fine structure of the energy-gaps and probe the carrier dynamic
further spectroscopic studies were conducted. In addition to the room temperature
measurements, steady state PL was conducted at 15 K. At low temperatures, the PL
range was 1.61-1.88 eV with decay lifetimes of 3-27 μs. The decay times at 15 K are 3
orders of magnitude slower than those at room temperature (9-28 ns). The temperature
dependence on PL lifetimes is likely due to spin forbidden dark states which are
overcome by thermal activation of bright excitons at room temperature.
While significant progress has been made in the field of Ge1-xSnx nanostructure
research since the onset of this project, these studies are still in their infancy. The
synthetic methodology should be improved with a focus on reducing size dispersity at all
size ranges. Narrower size dispersity will enable more precise analysis of both size and
composition relationships for better understanding of energy-gaps and carrier dynamics.
Developing strategies for enhanced surface functionality are already underway. Better
surface passivation will help improve emission efficiency and elucidate PL properties for
not only the ultra-small nanocrystals but also the larger nanocrystals. One of the most
prolific ways of improving surface passivation is through core-shelling with a compatible
material to eliminate dangling bonds. However, selecting a shell material for Ge1-xSnx
alloy nanocrystals is not trivial. Many common shell materials include Group VI anions,
which are highly reactive with both Ge and Sn and will likely etch the particles instead of
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depositing on the surface. Oxide based shells such as SiO2 can be applied for
fundamental studies but their insulating properties will not prevent use in devices.
Since the ultimate goal of studying Ge1-xSnx nanocrystal is for application in
semiconducting devices, all current methods for film assembly should be considered
and explored. All inorganic ligand systems are one of the more recent developments in
semiconductor nanocrystal research. They have been shown to improve carrier
transport in thin film devices by providing a conductive cross linking between particles.
By adapting this technique early in the development of Ge1-xSnx nanocrystals it will
greatly expedite our understanding of the system and application into devices.
To further explore the effects of quantum confinement an even smaller set of
Ge1-xSnx nanocrystals was produced. Narrowly dispersed ultra-small Ge1-xSnx
nanocrystals (1.5-2.2 nm) with compositions in the range of 1.8-23 %Sn exhibited for
the first-time absorption and emission in the visible region. Kubelka-Munk analysis
predicted energy gaps of 2.16-1.5 eV, however Sn induced red-shifting was only seen in
the nanocrystals with 23 %Sn by this method. Photoluminescence is a far more reliable
method to determine energy-gaps and indicate that there is still systematic red-shifting
even in such a strong confinement region. The PL measurements indicate gaps of 1.722.05 eV at room temperature with incremental red-shifting as Sn concentration
increases. These measurements were in close agreement with energy-gaps calculated
through theoretical calculations. To better understand the fine structure of the energygaps and probe the carrier dynamic further spectroscopic studies were conducted. In
addition to the room temperature measurements, steady state PL was conducted at
15K. At low temperatures, the PL range was 1.61-1.88 eV with decay lifetimes of 3-27
144

μs. The decay times at 15 K are 3 orders of magnitude slower than those at room
temperature (9-28 ns). The temperature dependence on PL lifetimes is likely due to spin
forbidden dark states which are overcome by thermal activation at room temperature.
While significant progress has been made in the field of Ge1-xSnx nanostructure
research since the onset of this project, these studies are still in their infancy. The
synthetic methodology should be improved with a focus on reducing size dispersity at all
size ranges. Narrower size dispersity will enable more precise analysis of both size and
composition relationships for a better understanding energy-gaps and carrier dynamics.
Developing strategies for enhanced surface functionality are already underway. Better
surface passivation will help improve emission efficiency and help elucidate PL
properties for not only the ultra-small nanocrystals but also the larger nanocrystals. One
of the most prolific ways of improving surface passivation is through core-shelling with a
compatible material to eliminate dangling bonds. However, selecting a shell material for
Ge1-xSnx alloy nanocrystals is not trivial.40, 144 Many common shell materials include
Group VI anions, which are highly reactive with both Ge and Sn and will likely etch the
particles instead of depositing on the surface. Oxide based shells such as SiO 2 can be
applied for fundamental studies but their insulating properties will not prevent use in
devices.
Since the ultimate goal of studying Ge1-xSnx nanocrystal is for application in
semiconducting devices, all current methods for film assembly should be considered
and explored. All inorganic ligand systems are one of the more recent developments in
semiconductor nanocrystal research.145 They have been shown to improve carrier
transport in thin film devices by providing a conductive cross linking between particles.
145

By adapting this technique early in the development of Ge1-xSnx nanocrystals it will
greatly expedite our understanding of the system and application into devices.
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